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Abstract 
 
The effects of low concentration Co, Cr and Mn oxide, singly and in combination, 
on the sintering and electrical properties of Ce0.9Gd0.1O1.95 (CGO) have been 
investigated with possible mechanisms suggested to explain this modified behaviour. 
 The influence of these dopants on the densification kinetics of CGO were 
primarily investigated using constant heating rate dilatometry. Whilst low 
concentration Co and Mn-oxide were found to improve the sinterability of CGO, 
the addition of Cr-oxide was found to inhibit the densification kinetics of the 
material. The location and concentration of these dopants were investigated as a 
function of relative density using scanning transmission electron microscopy 
combined with energy dispersive x-ray mapping. All materials showed a gradual 
reduction in the grain boundary dopant concentration with sintering time, leading 
eventually to the formation of a second phase that was subsequently analysed by 
either electron energy loss spectroscopy or synchrotron x-ray powder diffraction. 
The improved densification of both the Co-doped and Mn-doped materials was 
believed to be related to an increased rate of lattice and grain boundary cation 
diffusion, associated with the segregation of the transition metal dopant to the 
grain boundary. In both cases the onset of rapid densification was correlated with 
the reduction of the transition metal cation leading to an increase in cerium 
interstitials, which are suggested to be the defects responsible for cerium diffusion. 
The inhibiting effects of Cr-addition were similarly related to changes in the defect 
chemistry, with the Cr ions creating a blocking effect that hindered the dominant 
grain boundary pathway for cation diffusion. 
 The effects of these dopants on the electrical conductivity of CGO were 
examined using a combination of AC impedance spectroscopy and Hebb-Wagner 
polarisation measurements. Whilst Co-doping was found to enhance the specific 
grain boundary conductivity of CGO, the addition of either Cr or Mn resulted in 
an approximate 2 orders of magnitude decrease, even at dopant concentrations as 
low as 100 ppm. Despite these differences in ionic conductivity, both Co and       
Cr-doping were found to significantly enhance the electronic contribution to the 
conductivity along the boundaries, particularly within the p-type regime. The 
modified electrical behaviour was related to the formation of a continuous, 
transition metal-enriched grain boundary pathway and a change in the driving 
force for grain boundary Gd segregation, leading to a depletion of oxygen vacancies 
within the space charge regions and the consequent reduction of oxygen transport 
across the boundaries. 
Abstract 
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 The effects of this segregation were finally examined with mono-layer sensitivity 
using low energy ion scattering incorporating a novel method of self-standardisation. 
These analyses provided strong support for the conductivity mechanisms previously 
outlined. 
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samples of Mn-doped CGO (0. 1-4 cat% Mn) measured upon heating. 
The dashed lines (linearly extrapolated) represent the bulk and 
specific grain boundary conductivities of undoped CGO. 
 
5.13 2MnCGO sintered to full density at 1200°C for 2 hours (a) HAADF 
image (b) Quantified Mn intensity map (c) Quantified Gd intensity 
map (d) Quantified Ce intensity map.  
 
5.14  Quantified line profiles across a precipitate (figure 5.13a) in fully 
dense 2MnCGO showing the concentrations of Ce, Gd, O and Mn. 
All values are expressed in normalised mass %. 
 
5.15  Synchrotron powder diffraction patterns of 0.1-4MnCGO. The 
triangular symbols denote the diffraction peaks of Gd2Mn2O7. 
 
5.16 HAADF image of fully dense 2MnCGO indicating the location of the 
line scan shown in figure 5.17.  
 
5.17  Quantified line profiles across a grain boundary region in fully dense 
2MnCGO showing the concentrations of (a) Mn and (b) Ce and Gd. 
All values are expressed in normalised mass %. 
 
5.18  Arrhenius plot of conductivity as a function of temperature for 
2Co1CrCGO, 2CoCGO and 1CrCGO measured upon heating. The 
dashed lines (linearly extrapolated) represent the bulk and specific 
grain boundary conductivities of undoped CGO. 
 
5.19 2Co1CrCGO sintered to full density at 1100°C for 2 hours             
(a) HAADF image (b) Quantified Co intensity map (c) Quantified 
Cr intensity map (d) Quantified Co + Cr intensity map. The dashed 
and solid circles in figure 5.19a indicate the location of the Co-rich 
and Co + Cr-rich precipitates across which the line scans in      
figures 5.20 and 5.21 were acquired respectively. 
 
5.20  Quantified line profile taken across a Co-rich precipitate (dashed 
circle in figure 5.19a) in fully dense 2Co1CrCGO showing the 
concentrations of Ce, Gd, O, Co and Cr. All values are expressed in 
normalised mass %. 
 
5.21  Quantified line profile taken across a Co + Cr-rich precipitate (solid 
circle in figure 5.19a) in fully dense 2Co1CrCGO showing the 
concentrations of Ce, Gd, O, Co and Cr. All values are expressed in 
normalised mass %. 
 
5.22  HAADF image of 2Co1CrCGO sintered at 1100°C for 2 hours 
indicating the location of the line scan in figure 5.23. 
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5.23  Quantified line profiles across a grain boundary region in fully dense 
2Co1CrCGO showing the concentrations of (a) Cr and Co and        
(b) Ce and Gd. All values are expressed in normalised mass %. 
 
5.24  Steady state I-V curves of CGO, 2CoCGO and 2CrCGO in the 
temperature range 750-800°C.  
 
5.25  Electronic conductivity as a function of oxygen partial pressure for 
2CoCGO measured between 350-650°C. The dashed line indicates 
that the n-type conductivity follows a -1/6 dependency. 
 
5.26  Electronic conductivity as a function of oxygen partial pressure for 
samples of undoped CGO and Co-doped CGO at temperatures 
between 750-800°C. All measurements were recorded under steady-
state conditions. 
 
5.27  Temperature dependence of n-type electronic conductivity in 
2CoCGO at varying oxygen partial pressures. 
 
5.28  Electronic conductivity as a function of oxygen partial pressure for 
2CrCGO measured between 450-700°C. All measurements were 
recorded under steady-state conditions. The dashed line indicates 
that the n-type conductivity follows a -1/4 dependency. 
 
5.29  Electronic conductivity as a function of oxygen partial pressure for 
samples of undoped CGO and Cr-doped CGO at temperatures 
between 750-800°C. All measurements were recorded under steady-
state conditions.  
 
5.30 Temperature dependence of n-type conductivity (filled symbols) and 
p-type conductivity (open symbols) in 2CrCGO at varying oxygen 
partial pressures. 
 
6.01  Schematic of an AO terminating perovskite-type structure (ABO3) 
and idealised LEIS spectrum. Note that the peaks in the spectrum 
only correspond to binary collisions between the ions and atoms in 
the outermost atomic layer (light and dark grey).  
 
6.02  Schematic showing how the effects of (a) shadowing and (b) blocking 
reduce the LEIS signal from a rough surface. 
 
6.03  LEIS spectra of a polished CGO pellet annealed at 650°C for          
10 hours using (a) a 3 keV He+ analysis beam and (b) a 5 keV Ne+  
analysis beam. The dose axis is a summation of both the analysis 
beam and a 1 keV Ar+ sputter beam. 
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6.04  Cation fraction as a function of ion dose and estimated depth in 
CGO annealed at 650°C for 10 hours. The dose axis is a summation 
of a 5 keV Ne+ analysis beam and a 1 keV Ar+ sputter beam. 
 
6.05  LEIS spectra of a polished 2CrCGO pellet annealed at 650°C for          
10 hours using (a) a 3 keV He+ analysis beam and (b) a 5 keV Ne+  
analysis beam. The dose axis is a summation of both the analysis 
beam and a 1 keV Ar+ sputter beam. 
 
6.06  Cation fraction as a function of ion dose and estimated depth in 
2CrCGO annealed at 650°C for 10 hours. The dose axis is a 
summation of a 5 keV Ne+ analysis beam and a 1 keV Ar+ sputter 
beam. The results of undoped CGO are included for reference. 
 
6.07  LEIS spectra of a polished 2CoCGO pellet annealed at 650°C for          
10 hours using (a) a 3 keV He+ analysis beam and (b) a 5 keV Ne+  
analysis beam. The dose axis is a summation of both the analysis 
beam and a 1 keV Ar+ sputter beam.  
 
6.08  Cation fraction as a function of ion dose and estimated depth in 
2CoCGO annealed at 650°C for 10 hours. The dose axis is a 
summation of a 5 keV Ne+ analysis beam and a 1 keV Ar+ sputter 
beam. The results of undoped CGO are included for reference. 
 
A.01 Quantified line profiles across the bulk region of high density CGO 
(figure 5.04) showing the concentrations of Ce and Gd. All values 
are expressed in normalised mass %. 
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Acronyms and Nomenclature 
 
AC: alternating current 
 
AFC: alkaline fuel cell 
 
ASR: area specific resistivity 
 
CGO: gadolinium-doped ceria (Ce1-xGdxO2-x/2) 
 
CHP: combined heat and power 
 
CHR: constant heating rate 
 
CPE: constant phase element 
 
DC: direct current 
 
DFT: density functional theory 
 
DTA: differential thermal analysis 
 
EDX: energy dispersive x-ray spectroscopy 
 
EELS: electron energy loss spectroscopy 
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ELNES: energy loss near edge spectroscopy 
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HR-TEM: high resolution transmission electron microscopy 
 
HR-STEM: high resolution scanning transmission electron microscopy 
 
HSA: high surface area 
 
HT: high temperature 
 
ICP-AES: inductively coupled plasma spectroscopy-atomic emission spectroscopy 
 
IT: intermediate temperature 
 
LEIS: low energy ion scattering 
 
LoD: limit of detection 
 
LSA: low surface area 
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PAFC: phosphoric acid fuel cell 
 
PEMFC: proton exchange membrane fuel cell 
 
PTFE: polytetrafluoroethylene 
 
SDC: samaria-doped ceria (Ce1-xSmxO2-x/2)  
 
SEM: scanning electron microscopy 
 
SOFC: solid oxide fuel cell 
 
STEM: scanning transmission electron microscopy 
 
SXRD: synchrotron x-ray diffraction 
 
TEM: transmission electron microscopy 
 
TG: thermo-gravimetric analysis 
 
TMO: transition metal oxide 
 
ToF: time of flight 
 
XPS: x-ray photoelectron spectroscopy 
 
XRD: x-ray diffraction 
 
YSZ: yttria-stabilised zirconia 
 
 
Nomenclature 
 
The compositional variations in gadolinium-doped ceria (Ce1-xGdxO2-x/2) used in this 
study have been defined qualitatively by the molar percentage of gadolinium 
dopant i.e. the value of x. Examples of this nomenclature include CGO10 and 
CGO20 where x = 0.1 and x = 0.2 respectively.  
 The above nomenclature has been used in both the introduction and literature 
review when referring to a particular composition. When the topic of discussion is 
applicable to a range of Gd concentrations, the general acronym CGO has been 
used instead.  
 In the results section (Chapters 4-6), the acronym CGO is used to refer to the 
composition Ce0.9Gd0.1O1.95, whilst all other compositions are referred to using the 
aforementioned numerical suffix.  
 All TMO dopant concentrations are expressed in cat% unless otherwise stated. 
Examples of this nomenclature include 2CoCCGO20 (CGO20 + 2 cat% Co). 
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1. Introduction 
 
This chapter aims to introduce the context of this work and to explain the 
motivation behind the research described in the remainder of the thesis. 
Implications of the current energy crisis and the public’s perception of alternative 
energy solutions will be outlined, before the concept of fuel cells as renewable 
energy conversion devices is introduced, with particular attention drawn to solid 
oxide fuel cells (SOFCs).  
 
1.1. Global Energy Crisis  
 
It has been estimated [1] that within the next decade world energy consumption 
could surpass 650 exajoules. This increase has mainly been associated with 
predicted third world population growth and increasing energy requirements in 
newly industrialised economies. An increasingly technophillic world population is 
also thought to be of influence, and could account for electricity consumption alone 
surpassing 80 exajoules annually.  
 If predicted consumption rates are realised under the current energy system, 
reports show [2] that fossil fuel reserves will become depleted by the end of the 
century unless new deposits are discovered. At present, declining production in the 
European Union has led to a steady increase in our reliance on imported fossil fuels, 
with over 54% of EU energy consumption having been imported in 2005 [3] from, 
what some might consider, unstable regions of Eastern Europe and the Middle East. 
 It is now also widely accepted that carbon dioxide (CO2) emissions from spent 
fossil fuels are amongst the anthropogenic greenhouse gases responsible for 
accelerated climatic change.  
 These issues have led to a change in consensus concerning the use of fossil fuels 
for energy production, resulting in a search for alternative energy supplies. 
Renewable sources of energy such as wind, tidal and solar power are not as of yet 
considered viable replacements for fossil fuels; whilst the public’s perception of the 
nuclear industry has yet to fully recover from the effects of the Fukushima and 
Chernobyl disasters and is still confronted by issues concerning the long term 
disposal of high level nuclear waste.  
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Since reducing energy consumption levels on an international scale is currently 
unfeasible, and a renewable alternative has yet to be successfully implemented, 
other power sources must be considered. One such source is the fuel cell. 
 
1.2. The Fuel Cell 
 
In its simplest form, a fuel cell can be regarded as an electrochemical energy 
conversion device, in which the combination of a fuel and an oxidant produce 
electrical energy and heat. The basic fuel cell model consists of two electrodes (the 
anode and the cathode) separated by an electrolyte. The anode facilitates the 
oxidation of the fuel, releasing electrons to an outer circuit, whilst the cathode acts 
to reduce the oxidant by accepting electrons from the circuit producing a current. 
The transport of charged species between the two electrodes is facilitated by an 
electrically insulating and ionically conducting electrolyte layer [4].  
 
1.2.1. Historical Overview of Fuel Cell Development 
 
The principles of fuel cell operation were first described in 1839 by W. R. Grove [5] 
in an article detailing the use of a dilute sulphuric acid electrolyte fuel cell; 
considered by some [2] to be the precursor to the modern day phosphoric acid fuel 
cell (PAFC). It was not however until 1899 that W. Nernst [6] discovered that 
yttria doped zirconia could, at certain compositions, conduct anions at high 
temperature; this composition has since been referred to as the Nernst mass –       
15 mol % Y2O3 stabilised zirconia. This discovery was later patented in the form of 
a Nernst Glower, an incandescent electric bulb made with a zirconia filament. 
Nernst’s work was not readdressed again until 1937 when E. Baur and            
H. Preis [7] demonstrated the first operational laboratory scale solid oxide fuel cell. 
This was composed of a yttria stabilised zirconia electrolyte (at Nernst mass), an 
iron anode and magnetite (Fe3O4) cathode. However it was not until 1943, when    
C. Wagner [8] published an explanation of the conduction mechanisms within 
stabilised zirconia that real development of the solid oxide fuel cell could be        
made [2, 9]. 
 
1.2.2. Types of Fuel Cell 
 
Various types of fuel cell have been developed since the initial work of Grove et al; 
however problems with classification have persisted throughout due to the 
numerous design variables that exist. Fuel cells have previously been distinguished 
by factors including their fuel and operating temperature; however for reasons of 
practicality, fuel cells are now classified by the type of electrolyte used [2]. 
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1.2.2.1. Alkaline Fuel Cells (AFC) 
 
Alkaline fuel cells tend to use a concentrated potassium hydroxide (KOH) solution 
as an electrolyte, due to its high conductivity amongst the alkaline hydroxides 
(with OH- being the mobile ion). Unlike acid electrolytes (see section 1.2.2.2.), the 
high solubility of molecular oxygen in KOH increases the overall rate of oxygen 
reduction, enabling non-noble metal electro-catalysts such as nickel to be 
considered for use in electrodes (often in a porous PTFE matrix). Alkaline fuel cells 
operate in the range of 80-200°C depending on the KOH concentration, pressure 
and catalysts used. The main disadvantage to the alkaline fuel cell is a reaction 
between the KOH solution and CO2 impurities present in the air, leading to the 
formation of potassium carbonate (K2CO3). This will limit the performance of the 
fuel cell by reducing the concentration of OH- ions and replacing them with CO3
2- 
ions [2, 10-11]. There are two main configurations of AFC system. The first uses a 
circulating KOH solution whilst the other uses a KOH electrolyte embedded in a 
butyl-bonded potassium titanate fibre matrix (formerly asbestos) [11].   
 
1.2.2.2. Phosphoric Acid Fuel Cells (PAFC) 
 
The PAFC uses a pure phosphoric acid (H3PO4) electrolyte, which unlike alkaline 
fuel cell electrolytes will not react with CO2, enabling steam reformed fossil fuels 
and air to be used as fuel and oxidant gases respectively. The phosphoric acid 
solution is embedded in a PTFE-bonded silicon carbide matrix, facilitating the 
conduction of H+ ions between the gas diffusion electrodes. These consist of PTFE-
bonded platinum crystallites dispersed in a porous carbon matrix. The operating 
temperature for the PAFC system is typically 200°C; this will promote a higher 
rate of oxygen reduction and increase the CO tolerance of the electrolyte to within 
the range of 1-2%. Despite the PAFC being the most commercial type of fuel cell 
available, external fuel processing results in an overall electrical efficiency of less 
than 40% [2, 11]. 
 
1.2.2.3. Proton Exchange Membrane Fuel Cells (PEMFC)  
 
The PEM fuel cell consists of a solid polymeric membrane (often sulphonated 
fluoroethylene) bonded between two platinum-catalysed porous carbon electrodes. 
The sulphonic acid (HSO3) added during fabrication leads to a mutual attraction 
between SO3
- and H+ ions, resulting in a clustering of highly hydrophilic sulphonate 
side chain molecules. When the system becomes hydrated, the H+ ions become less 
attracted to the SO3
- groups and are able to conduct through the material. The 
PEMFC operates at low temperature (~80°C), offering the advantage of relatively 
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quick start-up times. However, the anodic electro-catalysts used are very sensitive 
to traces of CO (<10 ppm) [11], which could be problematic when using hydrogen 
rich gases. Other areas of concern include possible dehydration of the electrolyte 
and flooding of the electrodes [2, 10].  
 
1.2.2.4. Molten Carbonate Fuel Cells (MCFC) 
 
The MCFC system is one of two high temperature fuel cells currently being 
developed. The electrolyte is composed of a molten mixture of alkali metal 
carbonates (typically a Li2CO3 – K2CO3 eutectic mixture) embedded in a porous 
lithium aluminate matrix. At operating temperature (600-700°C) the molten 
electrolyte is capable of conducting carbonate (CO3
2-) ions between the lithiated 
NiO cathode and Ni-Cr anode. The high operating temperature also enables 
internal reforming of hydrocarbon fuels i.e. the conversion of a fuel directly into H2 
within the fuel cell itself, which will lower the overall production costs and increase 
cell efficiency. Unlike other types of fuel cell, the MCFC requires CO2 as well as 
oxygen at the cathode to provide the means for ion transfer. This eliminates issues 
surrounding CO2 contamination which are detrimental to other fuel cell systems 
(e.g. the alkaline fuel cell). One main disadvantage of the MCFC is possible 
degradation of the anode coating (a Cr2O3 and LiCrO2-rich film which prevents  
surface area loss caused by sintering) within the predicted 40,000 hour life cycle of 
the cell due to the corrosive nature of the electrolyte [2, 11]. 
 
1.2.2.5. Solid Oxide Fuel Cells (SOFC) 
 
Solid oxide fuel cells are complete solid state electrochemical devices that use a 
dense ion conducting ceramic as an electrolyte material (typically yttria-stabilised 
zirconia) and usually operate in the temperature range 800-1000°C. Adopting a 
solid electrolyte will eliminate problems associated with corrosion and electrolyte 
management, such as those experienced by the MCFC. The high operating 
temperatures will also enable internal reforming of hydrocarbon fuels and reduce 
the need for expensive noble metal electro-catalysts. Yttria-stabilised zirconia (YSZ) 
has previously been the preferred electrolyte for high temperature solid oxide fuel 
cells (HT-SOFCs) due to its high oxygen ion conductivity. However, in recent years 
SOFC development has focused on lowering the operating temperature to within 
the intermediate range (IT-SOFC) of 500-750°C to reduce costs and increase the 
durability of the system. This has led to the development of other electrolyte 
materials such as doped ceria [12]. 
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1.3. The Solid Oxide Fuel Cell 
 
1.3.1. Principles of Operation 
 
The solid oxide fuel cell generates electricity through a mechanism of 
electrochemical combustion. In most SOFC designs, the fuel and oxidants used are 
natural gas and oxygen respectively; although in theory any gas capable of 
electrochemical oxidation or reduction can be used. At operating temperature, the 
electrolyte will conduct oxygen ions, formed by the reduction of oxidant gas at the 
cathode, to the anode-electrolyte interface. The anode will simultaneously facilitate 
the oxidation of the fuel; producing a water vapour by-product and electrons which 
are released to an external circuit, producing a direct current. Multiple cells can 
then be connected by means of electronically conducting bipolar plates 
(interconnects) to form a stack that will provide sufficient output voltage. 
The driving force for ion conduction through the electrolyte is the large oxygen 
partial pressure gradient across the cell which varies from 0.2 atm at the cathode 
to between 1×10-15 and 1×10-20 atm at the anode [12]. This corresponds to a single 
cell open circuit potential of approximately 1.0 V. A schematic representation of a 
solid oxide fuel cell is illustrated in figure 1.01. 
 
1.3.2. Cell Components 
 
The solid oxide fuel cell is comprised of four components: the electrolyte, a pair of 
electrodes (the anode and cathode) and a set of interconnects or bipolar plates. 
These components must be both thermally and chemically compatible with each 
other under operating conditions, whilst continuing to function as intended. 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 1.01.: Schematic showing the principles of operation in a solid oxide fuel 
cell together with the half-cell and cell reactions. 
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1.3.2.1. The Electrolyte 
 
The electrolyte is often considered the key component of a solid oxide fuel cell. 
This is due to ion conduction through the electrolyte being temperature dependent, 
and thus controlling of both the operating temperature and electrode material 
selection. The key requirements of an electrolyte include having a high ionic 
conductivity and high stability in both oxidising and reducing environments. The 
electrolyte must also show negligible electronic conductivity (which could cause 
internal short-circuiting and a lowering of efficiency), and a low porosity to prevent 
mixing of the oxidant and fuel. 
Yttria-stabilised zirconia has been the traditional choice of electrolyte material 
due to its high mechanical and chemical stability over a wide range of temperatures 
and oxygen partial pressures. YSZ is known to exhibit maximum ionic conductivity 
close to the minimum dopant level required to fully stabilise the cubic fluorite-type 
structure [13-14]. This has led to the use of either 8 mol% yttria-stabilised zirconia 
(8YSZ), with reported ionic conductivities of ~0.1 S cm-1 at 1000°C [15], or 3 mol% 
yttria-stabilised zirconia (3YSZ), which is known to have greater mechanical 
stability.  
For small-scale power generators such as stand-alone CHP residential units, 
there has been a recent impetus to lower the operating temperature to between 
500-750°C. These so-called IT-SOFCs enable cheaper ferritic stainless steel to be 
used as bipolar plates [16] and will avoid many of the problems associated with 
HT-SOFC operation.  
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 1.02.: Specific ionic conductivity as a function of temperature for selected 
solid electrolyte materials [11]. 
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Reducing the temperature of fuel cell operation is known to compromise the 
ionic conductivity of the electrolyte, however this can be countered by reducing the 
film thickness to minimise ohmic polarisation losses. Steele [11] stated that the 
electrolyte should not contribute more than 0.15  cm2 to the total cell area 
specific resistivity (ASR), which, assuming a minimum thickness of 15 μm (below 
which gas permeation becomes problematic) equates to an ionic conductivity in 
excess of 1×10-2 S cm-1. With reference to figure 1.02, the temperature at which this 
theoretical conductivity can be achieved in YSZ is 700°C. This temperature is on 
the upper limit of the IT-SOFC range and would cause rapid degradation of any 
steel bipolar plate used, seen by some [16] to be the key component in small-scale 
IT-SOFC commercialisation.   
It is therefore necessary to consider other electrolyte materials that will promote 
high ionic conductivity within this intermediate temperature range. These 
materials are often grouped by structure type and include: fluorite-based systems 
(of which YSZ is an example), perovskite related structures, and LAMOX 
(La2Mo2O9) based materials. 
Among the known oxygen ion conductors, -phase Bi2O3 (a fluorite-type 
structure) has shown the highest conductivity; reportedly 1-2 orders of magnitude 
greater than YSZ [17]. This material is however only stable between its high 
temperature cubic phase ( to  transition at 730°C) and its melting point at 
approximately 825°C. Takahashi et al [18] first demonstrated that the -phase 
could be stabilised over a wider range of temperatures using Y2O3 substitutions, 
whilst Verkerk et al [19] reported one of the highest recorded conductivities for an 
oxygen ion conductor (2.3×10-2 S cm-1 at 500°C) using (Bi2O3)0.8(Er2O3)0.2. Despite 
these high conductivities, stabilised bismuth oxide is considered impractical for use 
as a SOFC electrolyte due to the material’s instability under anode conditions [12]. 
An alternative electrolyte material is doped cerium oxide, which within the     
IT-SOFC range has shown higher conductivity than YSZ when doped with either 
gadolinium (CGO) or samarium oxide (SDC) [20]. Yttria doped ceria has also been 
reported to show high ionic conductivity within this temperature range [21]. The 
largest disadvantage associated with ceria-based electrolytes is the partial reduction 
of Ce4+ to Ce3+ under reducing (anodic) conditions [22]. This is known to introduce 
n-type electronic conductivity to the electrolyte, leading to partial internal short 
circuiting of the cell. Steele [16] showed that under typical operating conditions at 
500°C, gadolinium cerium oxide still however retained sufficient ionic conductivity 
to be considered as a viable electrolyte replacement. Several co-doped ceria-based 
materials including praseodymium [23] and yttrium [24] doped CGO have also been 
shown to increase stability under anodic conditions. The properties of cerium 
gadolinium oxide are reviewed in more depth in the following chapter.  
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High levels of oxygen ion conductivity have previously been reported in 
perovskite type phases derived from lanthanum gallate (LaGaO3), in particular the 
La1-xSrxGa1-yMgyO3- (LSGM) series [25]. The partial substitution of lanthanum for 
strontium and the incorporation of divalent magnesium cations into the gallium 
sub-lattice will increase the concentration of oxygen vacancies within the material. 
This will result in higher oxygen conductivity, with the highest values reported for 
the composition La0.8Sr0.2Ga0.83Mg0.17O0.2815 at 700°C [26]. Ishihara et al [27] also 
showed that doping with certain transition metals cations (in particular low 
concentrations of Co) could further increase the ionic conductivity by enhancing 
the mobility of the oxygen ions. However issues concerning the reduction of gallium 
and the formation of secondary phases under reducing conditions [28-30] are still to 
be resolved. 
The final category of promising electrolyte materials is based around the 
La2Mo2O9 (LAMOX) system. These are again reported to have conductivities 
comparable to those of YSZ [31]. LAMOX materials are highly conductive in the  
-cubic phase which forms at 580°C. Below this temperature the material exists as 
a less conductive  monoclinic phase. This results in a conductivity increase of 
almost two orders of magnitude at the  to  transition temperature (similar to 
that experienced by -phase Bi2O3). The -phase can be stabilised down to room 
temperature by the partial substitution of lanthanum for certain rare earths such 
as gadolinium or yttrium [32], whereas the addition of tungsten [33] has been 
shown to improve stability in reducing environments. However, due to the 
material’s high thermal expansion coefficient, practical applications for the ion 
conductor are limited [12]. 
 
1.3.2.2. The Anode 
 
The main function of the anode is to provide a site with sufficient catalytic activity 
for the oxidation of the fuel. The material must therefore show both sufficient ionic 
and electronic conductivity in order to distribute oxide ions across the 
anode/electrolyte interface and to transport electrons to the external circuit 
respectively. The anode material must be stable under reducing conditions (down 
to 1×10-20 atm), whilst also remaining thermally and chemically compatible with 
the adjacent fuel cell components (the electrolyte and interconnect). This will help 
prevent both mechanical failure and the formation of secondary phases during 
processing and high temperature operation [1]. 
Nickel/YSZ cermets are the most commonly utilised anode materials, with the 
nickel component possessing high catalytic activity and the ceramic component 
helping to match the thermal expansion coefficient of the electrolyte. For           
IT-SOFCs, replacing the YSZ component with a ceria based material (e.g. CGO) 
has become accepted practice in improving anode performance [16; 34]. There are 
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however some concerns in using a nickel based anode, including its high sensitivity 
to sulphur and the formation of carbon deposits when using reformed hydrocarbon 
gas [12]. Some newer anode designs have overcome these problems by replacing the 
cermet with catalytically active mixed conducting oxides, such as strontium 
titanate (SrTiO3). These materials have shown high electronic conductivity at low 
oxygen partial pressures, and can be doped on either the A or B sites to improve 
the ionic conductivity [35-36]. 
 
1.3.2.3. The Cathode  
 
Cathodes for use in solid oxide fuel cells must possess several key properties; the 
most important of which is the provision of reaction sites with high catalytic 
activity for oxygen reduction. The selected material should also be highly stable in 
an oxidising environment, possess high electrical conductivity and contain sufficient 
porosity to enable the transport of oxygen gas to the reaction sites. 
The most investigated cathode material to date is the perovskite based              
La1-xSrxMnO3 (LSM), developed for use with high temperature YSZ-based 
electrolytes. Within the HT-SOFC range, the cathode shows acceptable electronic 
conductivity, however experiences high polarisation losses, due in part, to the 
formation of insulating phases at the electrolyte interface [37]. At intermediate 
operating temperatures, low ionic conductivity also contributes to the high 
electrode polarisation [38]. The poor conductivity values in LSM have led to 
interest in other cathode materials, including cobalt doped perovskite structures 
such as La0.6Sr0.4Co0.2Fe0.8O3-
  (LSCF), which are known for having high mixed 
conductivities. Issues surrounding the high thermal expansion coefficient of the 
material (introduced by cobalt doping) are minimised by the addition of iron [12]. 
LSCF has been shown to perform well in intermediate temperature ceria-based fuel 
cells due to the high electrochemical activity associated with cobalt for oxygen 
reduction [39-40]. The prominence of cobalt doping has led to work on other new 
cobalt containing perovskite structures, all of which have performed well with 
ceria-based electrolytes. These include Ba0.5Sr0.5Co0.5Fe0.2O3- (BSCF) [41] and 
Sm0.5Sr0.5CoO3-La0.9Sr0.1Ga0.8Mg0.2O3 (SSC-LSGMC) composites [42]. 
 
1.3.2.4. The Interconnect (Bipolar Plate)  
 
The main function of a solid oxide fuel cell interconnect is twofold; it must firstly 
provide an electrical connection between the anode and cathode of adjacent cells 
and secondly act as a fuel/oxidant separator to prevent the mixing of gases. The 
interconnect must therefore be: chemically stable in both oxidising and reducing 
environments, have a thermal expansion coefficient similar to the other fuel cell 
components and exhibit sufficiently high electronic conductivity [1]. 
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1.3.3.1. Planar Design 
 
Within a planar solid oxide fuel cell, the cell components are configured as a series 
of flat plates. The cells are typically fabricated by either screen printing the 
electrodes onto a pre-sintered electrolyte or by co-firing all three components 
together, before the bipolar plates (sintered independently) are adjoined. The 
planar design permits several gas-flow arrangements in and out of the cell, although 
the cross-flow geometry, as shown in figure 1.03, is the most utilised. The planar 
design also enables a series connection to be made between individual cells using a 
short current path. This will result in a low ohmic loss and a high current density. 
The main disadvantage to the planar design is the need for high temperature gas 
sealing and the non-uniform stress distribution within the cell associated with using 
compressive seals [1, 4, 10]. 
 
1.3.3.2. Tubular Design 
 
The alternative solid oxide fuel cell configuration is the tubular design. This 
consists of a porous close-ended support tube onto which the cathode, interconnect 
and electrolyte are applied in-turn by a chemical deposition process before the 
anode is deposited using a slurry coating technique. During operation, heated air is 
introduced to the cell through a central injector system positioned near the closed 
end of the tube. This forces the air back through to the opposite end of the cell 
whilst fuel is simultaneously passed over the anode. The exiting air will combust 
with any unused fuel, providing additional heat to warm the air supply. The main 
advantage to this design is that it requires no high temperature sealing; however 
due to the longer current path (in comparison to the planar cell), the power density 
will be lower [1, 4, 10]. A schematic detailing the tubular design is also shown in 
figure 1.03. 
 
1.4. Summary 
 
The importance of finding an alternative energy supply to fossil fuels has been 
identified, with fuel cells highlighted as a viable replacement technology. A brief 
overview of the types of fuel cell has been given with particular attention drawn to 
the development of solid oxide fuel cells (SOFCs). The operating requirements of 
the fuel cell components has also been outlined, with a brief literature survey 
conducted relating to the component’s material selection. 
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2. Literature Review 
 
This chapter will provide an overview of the key factors that control the electrical 
and sintering behaviour of gadolinium-doped cerium oxide. Reports have shown 
that doping CGO with low concentrations of certain transition metal oxides will 
result in modifications to both the conductivity and densification kinetics of the 
material. The latter part of this chapter shall thoroughly review these findings, 
with particular focus given to both the underlying mechanisms and the 
experimentally determined location of these dopants. 
 
2.1. Properties of Ceria Based Electrolytes  
 
Stoichiometric cerium oxide is an example of a fluorite-type structure of the form 
AB2, where A is a large tetravalent cation and B is an anion (shown schematically 
in figure 2.01). Each (cerium) cation is in eightfold co-ordination with its nearest 
neighbour and each (oxygen) anion is tetrahedrally bonded by the cations. The 
fluorite structure is relatively open and can tolerate a high degree of atomic 
disorder [1]. 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 2.01.:  Schematic of the cubic fluorite crystal structure. The unit cell is 
marked by the solid lines. 
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2.1.1. Defect Chemistry 
 
The presence of defects in a crystal structure will control the rate at which the 
diffusion of matter can occur through the solid state. Such structural imperfections 
are typically classified by their dimensionality. Point defects, which can be defined 
as deviations from a perfect atomic arrangement, are associated with individual 
lattice sites, whereas line defects, such as dislocations, are characterised by 
displacements in the periodic structure of the lattice in certain directions. Planar 
defects, which exist in two dimensions, include stacking faults, grain boundaries 
and free surfaces. This discussion will however be limited to the behaviour of point 
defects due to the role they play in the diffusion of oxygen ions through CGO. 
  
  
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 2.02.: Schematic illustrating the four types of point defect found in a 
binary oxide comprised of metal (dark grey) and oxygen (light grey). 
The presence of foreign (i.e. impurity or dopant) atoms are shown in 
black.  
 
The four forms of point defect that exist in a binary oxide are shown schematically 
in figure 2.02. Vacancies arise when an atom is absent from its ideal lattice position. 
Figure 2.02a illustrates a vacancy on the oxygen sub-lattice which could form part 
of a pathway for oxygen ion diffusion under an applied potential. In most materials, 
a low concentration of impurity atoms may also be located in regular lattice 
positions, as is indicated in figure 2.02b; these are known as substitutional defects. 
Foreign elements may also be introduced in the form of dopants to modify the 
(a) Vacancy 
(d) Anti-site (c) Self or Foreign Interstitial 
(b) Substitutional 
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properties of the material. Figure 2.02c illustrates two examples of interstitial point 
defects (self interstitial and foreign). Interstitial sites exist between occupied lattice 
positions and are generally only stable in situations where the interstitial atom is 
small in relation to the atoms in the surrounding lattice. Interstitials sites also 
provide an alternative pathway for oxygen diffusion as has been shown in 
CeNbO4+ [2] and La2-xSrxNiO4+ [3]. The final type of point defects are known as 
anti-site defects (figure 2.02d); these arise in situations where the cation occupies 
an anion site in the lattice and vice versa. 
 Intrinsic disorder arises as the Gibb’s free energy of a disordered system is lower 
than that in a perfect crystal. The intrinsic disorder will also preserve the 
stoichiometry of the crystal. This balanced formation of defects can be achieved in 
one of two ways. Schottky defects involve the simultaneous creation of both anion 
and cation vacancies in stoichiometric quantities (figure 2.03a). Assuming that the 
defects are fully ionised, a Schottky defect can be expressed in Kröger-Vink 
notation by equation 2.1 for the compound MO. 
 
(2.1) 
 
Frenkel defects are formed when an atom is transported from its lattice site to 
occupy an interstitial position, creating an interstitial-vacancy pair (figure 2.03b). 
Assuming that the defects are again fully ionised, a Frenkel defect can be defined 
by equation 2.2 for the compound MO.   
 
(2.2) 
 
Frenkel defects explicitly refer to the Frenkel disorder of cations. A defect reaction 
where an anion interstitial is formed (equation 2.3) is referred to as (anion) anti-
Frenkel disorder. 
 
(2.3) 
  
Within a real system, multiple defect reactions can occur simultaneously resulting 
in multiple defect equilibria. The variations in defect concentration are often 
described as a function of oxygen partial pressure by means of a Brouwer          
diagram [4]. The diagram shown in figure 2.04 was constructed for CGO by 
considering all the defect formation reactions that can occur.  
 Intrinsic ionic disorder will result from both Schottky and Frenkel mechanisms 
simultaneously, however, anti-Frenkel disorder (equation 2.3) is assumed to 
dominate in ceria-based materials [5]. 
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Figure 2.03.: Schematic illustrating the formation of (a) A Schottky defect and (b) 
A Frenkel defect in a binary oxide. The cations and anions are 
shown in dark and light grey respectively. 
 
The influence of intrinsic electronic defects (equation 2.4) and the uptake and loss 
of oxygen under oxidising (equation 2.5) and reducing (equation 2.6) conditions 
respectively, must also be considered. 
 
 (2.4) 
 
  (2.5) 
 
 (2.6) 
 
The introduction of aliovalent cations, such as Gd3+ doping of Ce4+ sites, will result 
in charge compensation by either the formation of oxygen vacancies (equation 2.7) 
or electronic defects (equation 2.8).  
 
  (2.7) 
 
  (2.8) 
 
The associated equilibrium constants for these defect reactions (equations 2.3 - 2.8) 
can be defined as; 
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(2.12) 
 
  (2.13) 
 
  (2.14) 
 
where n and p represent the concentrations of electrons and holes respectively. 
Given the requirement for an overall bulk neutral charge, the electroneutrality 
condition for CGO can be expressed as; 
 
  (2.15) 
 
The above electroneutrality condition can be simplified further using Brouwer 
approximations, which assume that within a given oxygen partial pressure regime, 
there will only be one dominant positive and negative defect type. For example, 
under highly reducing conditions in CGO, it is believed that the creation of oxygen 
vacancies will be the controlling positive defect, whilst electrons will be made 
available to balance this charge as the controlling negative defect. The applicable 
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Brouwer approximations for this system are shown in figure 2.04 and can be used 
to solve equations 2.09 - 2.14.  
 The total conductivity, σk, of a material can be defined as the sum of the 
conductivities of each charge carrying species;  
 
  (2.16) 
 
where nk is the concentration, qk is the charge and µk is the mobility of the species k 
respectively. The conductivity of each charged species will depend on both its 
concentration and mobility (assuming a dilute solution), given that the charge is 
fixed. The mobilities of electronic defects are often far greater than those of the 
ionic charge carrying species. The conductivity of the electronic species will 
therefore dominate in partial pressure regimes where there are considerable 
concentrations of electronic defects. The region over which the conductivity is 
dominated by ionic transport is referred to as the electrolytic domain. This is 
assumed to extend down to an oxygen partial pressure equivalent to an ionic 
transference number of 0.5. In the case of CGO, this was measured as          
1.3×10-17 atm at 700°C [6]. This is illustrated schematically on the Brouwer 
diagram in figure 2.04 for the case that the mobility of the electrons and electron-
holes is greater than the mobility of the oxygen vacancies. 
 
2.1.2. Ionic Conductivity in Doped Ceria 
 
The incorporation of an aliovalent dopant cation into a ceria solid solution will 
result in the formation of additional oxygen ion vacancies for charge neutrality, as 
was previously shown in equation 2.7. The resulting increase in conductivity arises 
from oxide ions hopping between adjacent oxygen vacancies [7] in a thermally 
activated process. The temperature dependence of the ionic conductivity, σi, can be 
defined by equation 2.17; 
 
  (2.17) 
                                                                                                                                                                                                               
where σ0 is a pre-exponential term, T is the temperature (K), k is Boltzmann’s 
constant and Ea is the process enthalpy. The process enthalpy consists of both an 
association enthalpy (Ha) and migrational enthalpy (Hm) term; the latter of 
which can be defined as the enthalpy difference for free vacancy migration between 
a lattice site and a saddle point [8]. Since Hm has been shown to be independent 
of dopant concentration within the dilute solution range [9], it is necessary to 
minimize Ha to improve the conductivity. The association enthalpy is a function 
of both the coulombic binding energy between the dopant cations and oxygen ion 
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vacancies, and the elastic strain induced in the lattice due to these defect 
complexes. Kilner and Brook [10] suggested that the elastic strain energy 
contribution to Ha, caused by size differences between the host and dopant 
cations, was far more significant than that of the coulombic binding energy. It was 
suggested that the energy of association would be at a minimum when the radius of 
the dopant matched that of the host. Kim [11] extended this approach and found 
that ceria would show maximum conductivity when the dopant cation radius 
closely matched a critical radius, rc, corresponding to a Vegard’s slope of zero i.e. a 
dopant that would cause neither expansion nor contraction of the lattice.  
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 2.05.: Dependence of ionic conductivity () and binding energy () on 
dopant cation radius for (CeO2)0.8(LnO1.5)0.2, at 800°C, where Ln is a 
lanthanide. Image adapted from [12].  
 
The variations in ionic conductivity and the binding energy of the host and dopant 
cations are shown as a function of dopant radius in figure 2.05 for a series of 
lanthanide dopants in ceria. Dopant cations that display similar ionic radii to Ce4+ 
are shown to exhibit both the highest ionic conductivities and lowest binding 
energies in accordance with equation 2.17. Atomic simulations [5] have shown that 
the minimum binding energy of a cation-oxygen vacancy defect complex is 
dependent on the dopant cation size. Smaller dopants prefer to occupy nearest 
neighbour sites (lowering the coulombic attraction), whilst larger dopants prefer to 
occupy second neighbour sites (lowering elastic strain contributions). The dopant 
cation found to have the lowest binding energy was Gd3+, whose ionic radius best 
corresponded to the crossover between these atomic arrangements [5]. 
 It is generally accepted that the highest ionic conductivities are achieved in 
fluorite-type structures that cause minimum distortions to the lattice. The validity 
of these claims were however recently tested by Omar et al [13] who compared the 
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effects of lattice strain on the ionic conductivity of trivalent-cation (10 mol%) 
doped cerium oxide. The study reported that Nd-doped ceria exhibited ionic 
conductivities significantly higher than those experienced by either Gd or Sm 
doping, whilst the minimum lattice strain was reported for Dy, whose conductivity 
was comparable to that of Gd. This suggests that the accepted understanding of 
lattice strain may be insufficient in explaining the conductivity behaviour exhibited 
by doped cerium oxides. 
 
 
 
 
 
 
 
 
 
 
 
Figure 2.06.: Variation in ionic conductivity with Gd concentration for            
Ce1-xGdxO2- solid solutions between 400-700°C. Adapted from [14]. 
 
 
 
The compositional dependence of ionic conductivity is shown for a range of CGO 
solid solutions in figure 2.06. With reference to the figure, the ionic conductivity at 
any given temperature is seen to increase proportionally with concentration until a 
maximum is reached at approximately 25 mol% Gd2O3. This increase in 
conductivity results from the aforementioned introduction of oxygen ion vacancies 
for charge neutrality (equation 2.7). At higher doping levels, the conductivity 
maxima arise due to the effects of defect association. Oxide ion vacancies induced 
in the lattice by aliovalent doping bind to the dopant cations due to the coulombic 
interactions of the defects and the reduction of elastic strain in the lattice. At 
temperatures below ~900°C (where the cation mobility is low) and within the 
dilute solution range, charged defect associates can form in CGO; 
 
  (2.18) 
 
These defect associates limit the mobility of the oxygen ion vacancies in the lattice, 
reducing the ionic conductivity at higher dopant concentrations [8]. This drop in 
   ' 'Ce O Ce OGd GdV V
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conductivity is less pronounced at higher operating temperatures due to the partial 
dissociation of the defect complexes above 400°C [15]. 
 
2.1.3. Grain Boundary Conductivity of Doped Ceria 
 
The total conductivity of a polycrystalline ceramic can be separated into the 
relative contributions made by the lattice (bulk) and grain boundary. It is 
important to differentiate between the apparent grain boundary conductivity, 1/gb, 
where gb is the resistivity contribution of all the grain boundaries in the specimen 
(and is thus dependent on grain size), and the specific grain boundary conductivity, 
which normalises for first order grain boundary effects. In the remainder of this 
thesis, the grain boundary conductivity shall refer to the apparent conductivity, 
unless stated otherwise. 
 
 (2.19) 
 
The specific grain boundary conductivity, σgb*, represents an “intrinsic” property of 
the grain boundary and can be defined by equation 2.19 where σgb is the apparent 
grain boundary conductivity, gb is the grain boundary thickness, db is the diameter 
of the grain and Cb and Cgb are the bulk and apparent grain boundary capacitances 
respectively [16]. 
The high grain boundary resistances sometimes reported in CGO are often 
attributed to the formation of ionically blocking impurity phases that segregate to 
the grain boundary during sintering. One such impurity is amorphous silica (SiO2), 
which Steele [15] suggests could arise during processing or though its ubiquity in 
the original ores. The deleterious effects of Si-doping were demonstrated by                 
Lane et al [17] (figure 2.07), who observed a half order of magnitude drop in grain 
boundary conductivity with the addition of only 50 ppm Si to commercially pure 
CGO10 (with an estimated Si content of 20 ppm). Similar observations were noted 
by Zhang et al [18] for a range of Gd-doped ceria solid solutions. The authors did 
however report an increase in grain boundary conductivity with increasing Gd 
concentration for specimens that had been intentionally doped with Si. Stable 
phases such as Gd2SiO5 and Gd2SiO7 have previously been reported to form 
between Gd2O3 and SiO2 [19]. It follows that an increasing Gd content would result 
in a higher consumption of Si in the formation of these stable phases, resulting in 
reduced grain boundary silica coverage.  
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Figure 2.07.: Influence of Si impurities on the grain boundary conductivity of 
CGO10. Image adapted from [17]. 
 
The detrimental effects of Si segregation in CGO have previously been 
mitigated by the addition of grain boundary scavengers such as Ca [17; 20] and    
Fe [21]. It is suspected that these dopants will result in the formation of secondary 
phases that prefer to reside at triple grain junctions, as opposed to along the actual 
grain boundaries, effectively scavenging the boundary for silica. In higher purity 
materials, where the formation of siliceous phases is not expected, the specific grain 
boundary conductivity is still reported to be up to two orders of magnitude lower 
than that of the corresponding bulk [22]. In these situations, the drop in 
conductivity is often attributed to the formation of space-charge zones [23]. The 
grain boundary cores of acceptor-doped ceria are positively charged due to oxygen 
vacancy enrichment. The depletion of oxygen vacancies in the regions (or space 
charge zones) adjacent to the core represent a barrier to ionic diffusion. This is 
shown schematically in figure 2.08. Owing to the positive grain boundary core, 
electrons are also expected to accumulate in the space charge layers [24], as is also 
illustrated in the figure. The cation predominantly responsible for the increased 
positive core charge in CGO is Gd3+, assuming interstitial point defects. Grain 
boundary Gd enrichment has previously been reported by Lei et al [25] in CGO20 
using high resolution transmission electron microscopy (HR-TEM). Scanlon          
et al [26] used low energy ion scattering (LEIS) spectroscopy to examine near-
surface segregation in CGO20. The outer five monolayers of the material were 
found to be Gd enriched, with the outermost surface containing approximately     
50 cat% Gd.  
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Figure 2.08.: Schematic representation of an electrical grain boundary consisting 
of a positive grain boundary core and adjacent space charge layers. 
The accumulation of electrons and depletion of oxygen vacancies in 
the negative space-charge region are also illustrated.  
 
2.1.4. Electronic Conductivity in Doped Ceria 
 
Under low oxygen partial pressures and high temperatures, the reduction of ceria 
will introduce electronic charge into the material as a response to the loss of lattice 
oxygen [27]. The introduction of electronic charge carriers will cause both partial 
short-circuiting of the electrolyte and expansion of the lattice, resulting in lower 
electrical efficiency and reduced mechanical stability [28]. At an operating 
temperature of 700°C, the conductivities of both CGO10 and CGO20 are reported 
to remain predominantly ionic down to an oxygen partial pressure of                   
~1×10-20 atm [29]. Under strong reducing conditions, electronic conduction in CGO 
occurs by small polaron transport, implying relatively low electron mobility [15]. 
Increasing oxygen vacancy concentrations have been shown to further lower the 
electron mobility, and as a consequence, the electronic conductivity of CGO.                  
Mogensen et al [28] suggest oxygen vacancies formed through aliovalent doping 
(equation 2.7) will result in a decrease in the number of oxygen vacancies formed 
by the reduction of ceria, resulting in a lower corresponding electron concentration 
(i.e. increased doping will shift equation 2.6 to the left). This decrease in electronic 
conductivity was found to be independent of dopant type when using dopants of 
the same valence. Steele [15] however suggested that the decrease in electron 
mobility could result from '
Ce O
(Ce )V  defect complexes, with similar clusters 
having been shown to remain associated up to 1000°C [30]. These could influence 
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the activation energy associated with small polaron electronic transport by altering 
the local lattice polarisation [15].   
 
2.1.5. Influence of Grain Size on the Conductivity of Doped Ceria 
 
There are several contradictory reports in the literature relating to the grain size 
dependence of conductivity in CGO. Christie et al [16] found that the minimum 
grain boundary conductivity in CGO20 corresponded to a grain diameter of ~3 µm, 
as is illustrated in figure 2.09. Variations in the mean grain size, from this point, 
resulted in a linear increase in grain boundary conductivity. These findings are in 
agreement with those of Lenka et al [31] for CGO12; however both contradict the 
work of Zhou et al [32] who reported an increase in grain boundary resistance in 
fine-grain-sized CGO10. The general consensus [33] in nanocrystalline CGO is that 
a decreasing grain size will result in decreasing grain boundary resistivity. It has 
been suggested that a larger grain boundary volume will reduce the concentration 
of impurities that can segregate to each boundary, resulting in a decrease in 
activation energy for ionic conduction [34-35].  
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 2.09.: The dependence of bulk and grain boundary conductivity on grain 
size in CGO20. Adapted from [16]. 
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2.1.6. Solubility of Dopants in Ceria 
 
The solubility limit of a dopant oxide in ceria is said to be dependent on the lattice 
strain introduced to the material by the addition of dopant cations with differing 
ionic radii to the host. When the elastic energy required to introduce a solute 
cation is low, the solubility range will become considerably wider [11]. The elastic 
energy, W, can be related to the change in lattice parameter, d, by;         
  
   (2.20) 
 
where G is the shear modulus and d0 is the lattice constant of the host oxide. Since 
d is governed by Vegard’s slope (the gradient corresponding to the linear 
relationship between lattice parameter and dopant concentration), d will also be 
governed by the difference in both the radius and valence of the host and dopant 
cations (i.e. the factors which determine Vegard’s slope). In order to minimise the 
elastic energy of the system, and hence increase the solute solubility, a Vegard’s 
slope of zero would be preferential. Kim [11] showed that this would occur at a 
critical radius, rc, as was discussed in section 2.1.2., where a dopant ion would 
cause neither expansion nor contraction of the lattice. Mogensen et al [37] 
calculated rc in ceria as 1.04 Å for trivalent cations. Gadolinium, with a radius of 
1.05 Å, has been shown to exhibit solubility in ceria up to 40 mol% (the highest for 
a trivalent ion), before evidence of a second phase is found [37]. 
Although gadolinium exhibits such a high solubility in ceria, the compositions 
used in SOFC electrolytes are typically limited to either 10 mol% (Ce0.9Gd0.1O2-) or 
20 mol% (Ce0.8Gd0.2O2-). A comparison between these two compositions is made 
below.  
 
2.1.7. Comparison between CGO10 and CGO20 
 
The concentration of free vacancies in CGO can be considered a rate limiting factor 
for ionic conduction. Hohnke [38] showed that the minimum activation enthalpy for 
bulk ionic conduction corresponded to an anion vacancy concentration of 2-3%; this 
equates to a doping level of 8-12% Gd2O3 [15]. The variation in total ionic 
conductivity with temperature for a range of Gd-doped CeO2 compositions is 
illustrated in figure 2.10, where it should be noted that GGO10 again exhibits the 
highest conductivity.  
These findings suggest that the CGO10 composition possesses the highest ionic 
conductivity. Despite this, research continues into CGO20, since there is a general 
consensus that this composition is less easily reduced at higher operating 
temperatures [7]. 
 
2
0
6W Gd d 
Chapter 2. Literature Review 
 
 
54 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 2.10.: Ionic conductivity varying as a function of temperature for a range 
of Ce1-xGdxO2- compositions. Dopant concentrations as indicated    
(x × 100). Adapted from [38]. 
 
2.1.8. Summary 
 
The principles of defect chemistry have been introduced and used to explain the 
modifications in electrical conductivity that result from doping ceria with aliovalent 
cations. The effects of lattice strain on the conductivity and solubility of ceria-
based solid solutions have also been discussed. The influence of segregation (both 
intrinsic and impurity) on the grain boundary conductivity of CGO were finally 
outlined with the effects of both silicon contamination and charge depletion zones 
highlighted.    
 
2.2. Sintering Characteristics of Ceria-based Electrolytes 
 
The sintering process can be defined as the coalescence of a powder aggregate by 
diffusion, resulting from the drive to reduce the free energy of the system. Many 
models have been proposed to explain the mechanisms associated with the sintering 
process, although much of this will fall outside the scope of this work. Section 2.2 
shall instead present an overview of the fundamental aspects of sintering that relate 
to the densification of ceria-based polycrystalline ceramics. 
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2.2.1. Solid State Sintering 
 
Cerium gadolinium oxide densifies via a solid state diffusion process. The 
movement of matter during sintering can occur along six pathways. Of the six 
mechanisms illustrated in figure 2.11, only grain boundary diffusion, lattice 
diffusion (from the grain boundary) and plastic flow will lead to densification; this 
is achieved by the transport of matter from the grain boundaries to the particle 
neck regions. The remaining three: surface diffusion, lattice diffusion (from the 
surface) and vapour transport are termed non-densifying mechanisms. These act to 
reduce the curvature of the neck surfaces leading to a reduction in the densification 
rate. It is however likely that more than one mechanism will be operative at any 
time. Jud et al [39] reported that the governing densification mechanisms in 
CGO20 were grain boundary diffusion and lattice diffusion; whereas He et al [40] 
surmised that lattice diffusion would dominate early-stage sintering under reducing 
conditions in CGO10. 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 2.11.: Schematic illustrating the six mechanisms of solid state diffusion. 
Adapted from [41]. 
 
The sintering process is accompanied by a lowering of the free energy of the system. 
There are three factors which can influence this driving force for densification: the 
particle surface curvature, an externally applied pressure and the decrease in 
energy accompanying a chemical reaction [41]. Only the surface curvature 
(determined by the particle size) can however be controlled prior to consolidation 
of the powder.  
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 The surface free energy, Es, associated with a mol of spherical particles can be 
described by; 
 
  (2.21)  
 
where su is the area specific surface energy, Vm is the molar volume and a is the 
particle radius. With reference to equation 2.21, the free energy of the system and 
hence the driving force for densification can be increased by reducing the particle 
radius. This effect has been demonstrated successfully by Inaba et al [42] in CGO20 
using powders of differing particle sizes. 
 Sintering occurs over three distinct stages which represent intervals of density 
or time where the microstructure is well defined. The idealised geometrical 
structures that represent these stages are shown schematically in figure 2.12. Initial 
stage sintering consists of interparticle neck growth (shown as the transition 
between figures 2.12a and 2.12b) which will reduce the large, pre-existing 
differences in surface curvature. This process will also be accompanied by a 
densifying mechanism. The onset of the intermediate stage is defined by the pores 
attaining their equilibrium shape whilst the pore phase remains continuous (figure 
2.12c). Intermediate stage densification is thought to occur by pore shrinkage and 
will result in isolated porosity. Final stage sintering (which occurs at over ~90% 
relative density) is defined by further shrinkage of these isolated pores (figure 2.12d) 
with the free energy of the system reduced further by grain growth. For a 
polycrystalline ceramic to be considered highly dense for electrolyte applications, a 
relative density greater than 95% is required i.e. when there is no remaining open 
porosity [41].  
 
  
 
 
 
 
 
 
 
 
Figure 2.12.: Schematic representation of the three sintering stages. (a) Initial 
sintering stage. (b) Neck growth towards the end of the initial stage. 
(c) Intermediate sintering stage where the grains have adopted a 
tetrakaidecahedronal shape with porosity present as enclosed 
channels at the grain edges. (d) Final sintering stage where residual 
porosity exists as tetrahedral inclusions at the corners of the 
tetrakaidecahedra. Image adapted from [41].    
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2.2.2. The Effects of Dopant Addition on Grain Boundary Mobility 
 
The addition of aliovalent cations has previously been shown to increase the ionic 
conductivity of ceria by introducing oxygen vacancies into the host lattice. Since 
the densification of a material is controlled by mass transport, the defect 
concentrations must also, to some extent, influence the sintering process.  
 Chen et al [43] noted that the grain boundary mobility of CeO2 increased under 
reducing conditions. This was believed to result from newly formed oxygen 
vacancies increasing the concentration of Ce interstitials, which would in turn, 
enhance cation diffusion. Cation diffusion is often thought to be the rate-controlling 
step for grain boundary migration in undoped ceria. Upon initially doping CeO2 
with Gd, within the dilute solution range (0.1 cat%), the grain boundary mobility 
was noted to increase. This was again thought to result from an increasing cation 
interstitial concentration. When the dopant level was increased to 1 cat%, the 
grain boundary mobility appeared suppressed compared to that of pure ceria (see 
table 2.1). Chen et al suggest that this could result from Gd segregation creating a 
solute drag effect at the grain boundary.     
 
Table 2.1.: Grain boundary mobility of undoped and doped CeO2 in air. From [44]. 
 
Dopant 
Conc. 
(cat %) 
Mobility (×10-16 m3 / N s) 
1270°C 1320°C 1370°C 1420°C 
- - 10 36 169 551 
Gd3+ 0.1 33 100 247 509 
Gd3+ 1.0 1.7 4.5 12 38 
 
Solute drag results from the segregation of solute ions to the grain boundary 
through coulombic attraction or a reduction in elastic strain. If one considers a 
hypothetical static grain boundary, the solute concentration profile either side of 
the boundary will be symmetrical and the net force of interaction will be zero. If 
the boundary starts to move as a result of grain growth, the dopant concentration 
profile will become asymmetric, creating a drag on the boundary that will reduce 
the driving force for migration [41]. A solute drag model was similarly used by 
Inaba et al [42] to explain the lower grain growth rates seen in CGO20 compared to 
undoped ceria. It was suggested that the substitution of Ce by Gd would create an 
effective negative charge in the host lattice which would result in the formation of 
oxygen vacancies for charge neutrality. The increased oxygen vacancy 
concentration would then segregate to the grain boundary core producing an 
effective positive charge before the dopant ions subsequently segregated to the 
regions adjacent to the boundary through Coulombic attraction. This would result 
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in grain boundary solute enrichment. The addition of a trivalent dopant has 
however been shown to increase the densification rate of ceria. Inaba et al [43] 
believed that this resulted from enhanced oxygen mobility in the material. However, 
as oxygen diffusion through the fluorite structure is very fast [1], it is unlikely that 
oxygen mobility would be the rate limiting factor for densification. It is more 
probable that the formation of cation interstitials, resulting from aliovalent doping 
[43], would be the rate determining step for densification. This is discussed in 
greater detail in section 4.5.1.  
 
2.2.3. Liquid Phase Sintering 
 
The work of Inaba et al [42] and Chen et al [43-44] described in section 2.2.2 
demonstrated that the sinterability of ceria could be improved by the addition of 
dopant cations in the solid state. The densification kinetics of ceria or ceria solid 
solutions can be further increased by the addition of dopants that aid densification 
by the formation of a liquid phase [45]. There has recently been a great deal of 
interest in using low concentration transition metal oxides (TMOs) as              
sintering additives in CGO and similar ionically conducting materials. It has been 
suggested [46] that these TMOs may aid densification through liquid phase 
sintering. An in-depth discussion on the use of TMO sintering aids is given in 
section 2.3. The remainder of this section shall instead be devoted to the 
fundamental aspects of liquid phase sintering. 
 Liquid phase assisted sintering is a common method used for reducing the 
sintering temperature of a ceramic material. Upon heating, the sintering additive 
will form a grain boundary liquid phase which, assuming that the liquid fully wets 
the solid surfaces, will separate the particles by a liquid bridge and result in pore 
formation within the liquid. The grain boundary liquid phase will provide a 
pathway for enhanced matter transport and reduce interparticle friction; this will 
enable rearrangement to occur more easily under capillary pressure [41]. A 
reduction in the liquid/vapour interfacial area will provide the driving force for 
densification. Assuming spherical pores of diameter r, the difference in pressure, 
P, across the curved surface can be given by;      
   
   (2.22)  
 
where lv is the specific surface energy of the liquid/vapour interface [41]. 
 Liquid phase sintering is thought to occur in three overlapping stages which can 
be described by the dominant sintering mechanism (see figure 2.13). 
Rearrangement occurs during the initial stages of sintering after the formation of a 
liquid. Assuming that the liquid has fully wetted the particulates, a more stable 
packing arrangement can be achieved under the action of surface tension forces. 
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Capillary stresses will further redistribute the liquid leading to greater particle 
rearrangement. If the particulates are soluble in the liquid phase, the contact points 
between agglomerates will become dissolved, reducing particle friction and further 
aiding rearrangement and packing of the system. This process shall continue until a 
relatively stable configuration has been reached. Solution-Precipitation will become 
the dominant sintering mechanism as densification by rearrangement slows down. 
This process involves the dissolution of material at solid/liquid interfaces with 
higher chemical potentials and the precipitation of material onto particles with 
lower chemical potentials. Densification by solution-precipitation is accompanied by 
considerable grain growth. Ostwald Ripening will be dominant during the later 
stages of sintering where the densification rate is slow due to the large diffusion 
distances in the coarsened microstructure. Final stage grain growth by Ostwald 
Ripening (solution-precipitation) will be accompanied by a process of grain shape 
accommodation, where the grains take the form of polyhedra enabling more 
efficient packing [41]. 
 
 
 
 
 
 
 
 
 
 
 
Figure 2.13.: Schematic illustrating the three stages of liquid phase sintering. 
Image adapted from [41]. 
 
 
2.2.4. Summary 
 
The principles of solid state sintering have been introduced and related to the 
densification processes in CGO. The influence of aliovalent dopant additions on the 
sintering kinetics of CeO2 and ceria-based solid solutions have been examined and 
again related to the defect chemistry of the system. The use of liquid-forming 
sintering aids has also been introduced, with the fundamental aspects of liquid 
phase sintering highlighted. 
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2.3. Transition Metal Oxide Doping in Ceria-based 
Electrolytes 
 
The benefits of using ceria-based electrolytes within the IT-SOFC operating range 
have previously been discussed. Cerium gadolinium oxide, in particular, has shown 
acceptably high levels of ionic conductivity down to 500°C, and as such can be 
considered a viable replacement for YSZ. Intermediate temperature operation will 
also facilitate the use of cheaper and more physically robust stainless steel 
interconnects and cell supports. However, since CGO powders normally require 
sintering temperatures in excess of 1300°C for full densification [42, 47], the        
co-firing of the electrolyte with these components has been prevented due to 
degradation of the stainless steel above approximately 1000°C. The use of 
transition metal oxide (TMO) sintering additives was briefly introduced in section 
2.2.3 as an alternative method for reducing the sintering temperature of CGO. The 
incorporation of such sintering aids would enable the co-firing of these components. 
The remainder of this literature review shall explore the current understanding of 
the effects of TMO doping on the sinterability and resulting electrical properties of 
ceria-based electrolyte materials.   
 
2.3.1. The Influence of Transition Metal Oxide Doping on the 
Sinterability of Ceria-based Electrolytes     
 
Doping with certain transition metal oxides has been shown to significantly 
enhance the sinterability of ceria-based solid solutions. Particular attention has 
been paid in the literature to cobalt oxide additions, which have been shown to 
effectively promote densification when added in concentrations greater than       
0.5 cat% [48-49]. Kleinlogel et al [48] reported that nanocrystalline CGO20 could be 
sintered to above 99% theoretical density at temperatures as low as 900°C using a 
dopant concentration of 1-2 mol% Co. Figure 2.14 shows the variation in 
densification rate as a function of temperature in constant heating rate experiments 
for a range of Co concentrations in CGO20, where the maximum densification rate 
corresponds to a dopant concentration of 2 mol% Co. Kleinlogel et al [46] suggested 
that the optimum dopant concentration could be related to the temperature at 
which either the maximum shrinkage rate or a theoretical density >95% could be 
attained. By plotting both these parameters against Co concentration, an optimum 
dopant level of ~2 mol% was reported. Jud et al [50] proposed, based on grain 
boundary Co excess measurements, that a dopant concentration of only 0.06 cat% 
may be required to promote densification in CGO if the dopant was distributed 
homogeneously. Under similar sintering conditions, Jud et al [51] showed that     
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Co-doped CGO exhibited enhanced grain growth compared to undoped CGO. It 
was suggested that cobalt excess at the grain boundaries acted to increase the 
boundary mobility, providing a fast diffusion pathway for grain growth. 
Improvements in the densification kinetics have similarly been reported elsewhere 
upon Co doping. Lewis et al [52] found that the sintering temperature, Ts, of 8YSZ 
(8 mol% Y2O3 stabilised ZrO2) could be reduced by approximately 120°C with the 
addition of 1 cat% Co. Similar reductions in the sintering temperature have also 
been reported in the Ce0.9Sm0.1O1.95 [53-54] and Ce0.9Sm0.75Y0.025O1.95 systems [53] at 
the same dopant concentration.  
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 2.14.:  Linear shrinkage as a function of temperature and Co3O4 
concentration for the CGO20 system. Data adapted from [48]. 
 
Improvements in the densification kinetics have been noted for several other TMO 
dopants in CGO. The effects of NiO, Mn2O3, Fe2O3 and CuO (all 2 cat%) on the 
sinterability of CGO20 are illustrated in figure 2.15. Each of the aforementioned 
dopants was shown to improve the sinterability, with Cu exhibiting the lowest final 
sintering temperature (>98% theoretical density, T98%, attained at ~950°C). Similar 
improvements were also noted for Ni below 1100°C. Above this temperature, a 
drop in density was observed for both materials, presumably due to expansion 
resulting from a reduction reaction (e.g. CuO  Cu2O) [55]. Low concentration Fe 
and Mn additions were both shown to reduce the final sintering temperature by 
200°C, although the sintering onset temperatures were delayed by 250°C in relation 
to the undoped material. These findings are summarised in table 2.2. Similar 
observations to those made by Kleinlogel et al [55] can be found elsewhere in the 
literature.    
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Figure 2.15.: Variation in linear shrinkage as a function of temperature at 
constant heating rate (10°C min-1) for CGO20 with differing TMO 
dopants (2 cat%). Data adapted from [56]. 
 
Dong et al [56] compared the sintering characteristics of both CGO10 and 8YSZ 
doped with 1 at% Fe. The dopant was shown to improve the sinterability of both 
materials, although the effects were more pronounced in the former. Upon doping, 
the temperature corresponding to the maximum rate of shrinkage, Tmax, was shown 
to decrease by ~200°C in CGO10 (compared to ~100°C in 8YSZ), whilst the 
magnitude of the shrinkage rate was shown to approximately double.            
Kondakindi et al [57] reported that a theoretical density >96% could be achieved in 
2 mol% Fe-doped CGO10 at temperatures as low as 900°C. Zhang et al [21] 
examined the effects of Fe-doping in CGO20 and concluded that the sintering 
temperature could be reduced by 200°C compared to the undoped material; these 
effects were shown to be most noticeable at a dopant concentration of 0.25 at%. 
Similar observations have also been made in CeO2 at a dopant concentration of    
0.5 at% [58].  
 Nicholas et al [59] noted that additions of Cu, Co, Fe and Mn would reduce the 
sintering temperature of CGO10, although they concluded that Ni had failed to 
influence the sinterability, in contradiction to the findings of Kleinlogel et al [55]. 
Zając et al [60], on the other hand, reported that Ni additions would reduce the 
shrinkage rate, inhibiting the sinterabilty compared to undoped CGO15. The use of 
Ni (1-2 mol%) as a sintering aid has however proved beneficial in reducing the 
sintering temperature of barium cerate and barium zirconate [61].   
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Table 2.2.:  Sintering characteristics of CGO20 with differing TMO dopants     
(2 cat%). d(L/L0)dTmax denotes the maximum shrinkage rate. Data 
adapted from [55]. 
 
 
Zhang et al [47] observed a decrease in Tmax in CGO20 with the addition of Mn, 
however reported no significant shifts to lower temperature when the dopant 
concentration exceeded 1 mol%. Similar improvements in the sinterability of      
Mn-doped CGO have been reported elsewhere [57]. 
 
2.3.2. Suggested Mechanisms for Modified Sintering Behaviour  
 
Several explanations have been proposed in the literature to explain the modified 
sintering behaviour that results from the addition of low concentration TMO 
dopants. These mechanisms, together with any supporting evidence, are outlined 
below. 
 The formation of a liquid phase in Co-doped CGO was first proposed by 
Kleinlogel et al [55] to explain the marked improvements observed in the 
densification kinetics of the material. Figure 2.14 shows a comparison between the 
linear shrinkage of undoped and Co-doped CGO20. Kleinlogel et al noted that the 
broad sintering range exhibited by the undoped material (~400°C) was 
representative of solid state sintering, whilst the narrow sintering range (~50°C) 
seen for several Co-doped compositions, was more indicative of a liquid phase 
sintering mechanism (as was discussed in section 2.2.3). TEM studies by the 
authors [48] revealed the presence of an amorphous, cobalt-rich, grain boundary 
film approximately 2 nm in width (figure 2.16a) when sintering was interrupted at 
900°C after 10 minutes. It was suggested that upon decomposition, the Co-nitrate 
additive would form a thin coating of Co3O4 that would melt at ~900°C to 
facilitate densification via a liquid phase sintering mechanism. After a prolonged 
heat treatment, the liquid film was originally thought to diffuse back into the 
lattice. This has since been retracted by the authors after Co-containing grain 
boundaries were detected by HR-STEM [50].  
Dopant Ts (°C) d(L/L0)dTmax Tmax (°C) T98% (°C) 
- 500 20 912 1300 
Co 500 55 870 970 
Cu 500 70 870 950 
Ni 520 65 870 1050 
Mn 750 48 1000 1100 
Fe 750 40 1000 1100 
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Liquid-phase assisted sintering in Co-doped CGO implies the presence of liquid  
Co-oxide at temperatures as low as 900°C, which is well below the eutectic 
temperature (~1645°C) of the CeO2-CoO system [62]. Kleinlogel et al [47] 
speculated that the melting temperature of cobalt oxide would decrease with 
reducing particle size or film thickness. It was suggested that for a material of bulk 
melting temperature, Tm(), the melting temperature of a corresponding thin film, 
Tm(D), could be estimated by equation 2.23;  
 
(2.23) 
  
where Z is the layer thickness and a is a constant. Figure 2.16b shows the 
dependence of the melting temperature on the layer thickness for CGO particles of 
40 nm diameter. Under the assumptions that all the Co is concentrated in the 
interparticle regions (see inset of figure 2.16b) and that the particles are in six-fold 
co-ordination, a dopant concentration of 1 cat% would correspond to a maximum 
layer thickness of 1 nm; this equates to a melting temperature of less than 1000°C.  
However, since no independent estimates of a (see equation 2.23) were available, 
the validity of this theory is called into question. With reference to figure 2.15, if 
one assumes that the onset of the modified sintering mechanism in Co-doped CGO 
coincides with the deviation of its densification curve from that of CGO, it would 
also suggest the presence of a liquid phase at temperatures below ~800°C.  
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 2.16.:  Proposed evidence for liquid phase sintering in Co-doped CGO20. (a) 
Dark-field TEM showing the presence of an amorphous grain 
boundary phase in 1 cat% Co-doped CGO20. (b) Size dependent 
melting of a CoO film in CGO20. A schematic illustrating the 
assumed dopant location is shown inset. All adapted from [46].    
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Liquid-phase assisted sintering assumes complete wetting of the particles to allow 
for the rearrangement of matter. Lewis et al [63] observed large compositional 
variations between grain boundaries in Co-doped CGO10. This suggests that Co 
does not entirely wet the grains and therefore may not act as a conventional liquid-
phase sintering additive even if the very large reduction in eutectic temperature is 
accepted. In accordance with equation 2.23, the formation of a liquid phase below 
the eutectic temperature will depend on the particle size. The changes in 
thermodynamic properties that result from these size effects were recently 
demonstrated by Ivas et al [64] who modelled the nano-phase diagram of the   
CeO2-CoO system. Figure 2.17 shows how the eutectic point of the system was 
reduced from 1645°C in the bulk material to 1327°C assuming a CoO particle 
diameter of 5 nm. Using this information, the lowest melting temperature of a 1 nm 
thick particle neck, with a bulk dopant concentration of 1 cat% Co, was calculated 
as 1180°C. These estimates were made assuming a CeO2 particle diameter of 47 nm, 
in order to make comparisons with experimental results on ceria-based nano-
particles. It should however be noted that marked improvements in densification 
behaviour have also been reported for much larger CGO particles [58] which would 
not exhibit the same drop in TMO melting temperature as was reported above.     
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 2.17.: Phase diagram for the CeO2-CoO system under normal conditions. 
The black lines represent the bulk phase diagram whereas the red 
and blue lines represent the liquidus-solidus transition calculated for 
nano-particles of 5 and 10 nm respectively. Image adapted from [64]. 
 
Nicholas et al [59] quite successfully predicted the sintering behaviour of several 
transition metal oxide dopants in CGO10 using a Vegard’s slope quality factor 
based on Kim’s [11] empirical equations. In order to form a liquid phase, a TMO 
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dopant must segregate to the grain boundary. It was previously mentioned in 
section 2.1.6 that the solubility of a dopant could be related to the magnitude of its 
Vegard’s slope, X; which for CeO2 can be described by;  
  
(2.24) 
 
where ri is the difference in ionic radii between Ce
4+ in eight-fold co-ordination and 
the dopant cation, and zi is the difference in charge between the two [37]. If the 
mechanism for enhanced densification is assumed to be liquid phase sintering, 
Nicholas et al explain that the magnitude of the Vegard’s slope should be much 
greater than zero. Dopants of this sort will induce lattice strain which will result in 
greater grain boundary segregation. However, due to the formation of insoluble 
second phases at very high values of X, dopants with a ‘moderate’ Vegard’s slope 
would be the most likely to induce liquid phase sintering. If the mechanism 
responsible for the enhanced densification is assumed to be solid-state (i.e. resulting 
in an increase in solid state atomic flux), then a moderately negative Vegard’s slope 
would be required. Nicholas et al explain that the segregation of undersized 
acceptor dopants (corresponding to a negative Vegard’s slope) will introduce 
oxygen vacancies for charge neutrality and increase the grain boundary cation 
mobility [43], resulting in greater densification. This quality factor was successfully 
used to predict the sintering behaviour of CGO10 with low concentrations of Cu, 
Co, Fe, Mn and Zn dopant. 
 An alternative theory for the improved sinterability exhibited by TMO doped 
CGO is the activation of a viscous flow sintering mechanism that will increase early 
stage densification in the material. Such a mechanism was first proposed by    
Zhang et al [65] to explain the enhanced sinterability of Fe-doped CeO2, however 
the theory was later extended to include any TMO doped ceria-based oxide [21; 47]. 
A viscous state sintering mechanism would enhance the densification by increasing 
the particle contact area, leading to an increased diffusion flux. Although this 
mechanism is usually associated with the densification of glasses, the authors report 
that under the influence of surface tension, crystalline powders can also exhibit 
viscous flow.  
 The active mechanism in early-stage sintering can be determined from constant 
heating rate dilatometry using an equation first proposed by Woolfrey and 
Bannister [66]; 
 
 (2.25) 
 
where L/L0 is the relative shrinkage, A is a constant depending on the material 
parameters and shrinkage mechanisms, C is the heating rate and m is an exponent 
relating to the active mechanism. Zhang et al [65] determined the early stage 
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densification mechanisms in CeO2 and Fe-doped CeO2 to be volume diffusion and 
viscous flow respectively. Similar experiments were later repeated by Lewis [29] on 
undoped and Co-doped (2 cat%) CGO10 with contradictory results, having 
calculated the dominant early-stage sintering mechanisms to be grain boundary 
diffusion and volume diffusion respectively.  
More recently, it has been suggested that the improved densification kinetics of 
Co-doped CGO can be related to changes in the grain boundary microstructure.                     
Zhang et al [67] showed that increasing sintering times resulted in both enhanced 
grain boundary and triple junction ordering (figures 2.18a and 2.18b) and a 
reduction in the grain boundary Co excess (figure 2.18c). Extended sintering times 
were also shown to result in the formation of CoO precipitates at triple points, 
which were thought to reduce the grain boundary Co excess and lead to a more 
ordered grain boundary structure. It was thus surmised that the presence of Co 
would increase grain boundary disorder, which would facilitate enhanced diffusion, 
resulting in faster densification kinetics. The grain boundary disorder was shown to 
increase with an increasing Co dopant concentration. It should however be noted 
that these experiments were performed under different sintering conditions and 
therefore a direct comparison between grain boundary disorder and dopant excess 
were not strictly possible. 
 
 
 
 
 
 
 
 
 
 
 
  
 
 
 
 
 
 
Figure 2.18.: The influence of Co-doping on the grain boundary properties of 
CGO20. (a) and (b) HR-TEM images of triple junctions after 
sintering at 1150°C for 0 h and 26 h respectively. (c) Dependence of 
grain boundary Co excess on annealing time for samples sintered at 
890°C. Images adapted from [67]. 
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2.3.3. The Influence of Transition Metal Oxide Doping on the 
Conductivity of Ceria-based Electrolytes     
 
The primary motive for doping ceria-based materials with transition metal oxides 
in SOFC electrolytes has always been a reduction in the sintering temperature. The 
associated modifications in the electrical properties are however just as important 
in determining the suitability of a dopant for practical applications 
 
Kleinlogel et al [68] showed that additions of less than 2 mol% Co had no influence 
on the total conductivity of CGO20. It was reported that below 400°C, the total 
conductivity was dominated by the grain boundary contribution, which was 
attributed to the presence of a Co-rich intergranular film. An increase in either 
sintering temperature or time was also shown to reduce the total conductivity.    
Jud et al [69] observed that the addition of up to 5 cat% Co would have no effect 
on the total conductivity of CGO10 so long as the samples were slow cooled after 
sintering. For quenched samples, however, an enhanced total conductivity was 
noted below 250°C; this was attributed to a high temperature conductivity 
mechanism ‘frozen in’ by quenching, which was thought to be the reduction of 
Co3O4 to CoO at ~900°C. Lewis et al [63] reported that the addition of 2 cat% Co 
would improve the lattice conductivity of CGO10 below 240°C for samples sintered 
at 930°C; above this temperature an enhanced lattice contribution was only found 
with increased sintering time. These improvements were assigned to the formation 
of additional oxygen vacancies resulting from the substitution of Co3+ for Ce4+.    
Co-doping was also reported to increase the grain boundary conductivity of CGO10 
across the measured temperature range. Fagg et al [70-71] showed that the addition 
of 2 mol% Co had no significant effect on the total conductivity of CGO20 for 
samples sintered at 900°C, whilst an increase in p-type conductivity of up to 30 
times was reported with increasing measurement temperature. Sintering at above 
1500°C was however found to decrease the ionic and p-type electronic transport. 
The authors additionally reported a reduction in n-type electronic conductivity 
within the Co-doped specimens. These findings contradict those of Schmale          
et al [72] who observed an increase in n-type conductivity in Co-doped                   
Ce0.8Gd0.2-xPrxO2-, which was again attributed to a residual grain boundary Co-rich 
film.  
Avila-Paredes et al [73] observed negligible effects on the bulk conductivity of 
Ce0.99Gd0.01O2- (CGO1), using a dopant concentration of 0.5 mol% Cu, however 
they noted a slight decrease in the specific grain boundary conductivity at this 
composition. These results correspond well to those of Zając et al [60] for Cu-doped 
CGO15 at concentrations greater than 0.5 mol%.  
Zając et al [60] also observed a decrease in the bulk and grain boundary 
conductivity of <2 mol% Ni doped CGO15 sintered at 1300°C; however, reported 
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considerable enhancements in both when the sintering temperature was raised to 
1500°C. Similar observations were also made by the authors when doping with Cr. 
Ou et al [74] studied the effects of anode Ni diffusion into Sm0.2Ce0.8O1.9 (SDC) and 
reported a decrease in the total conductivity. This was assigned to a high degree of 
oxygen vacancy ordering resulting from Ni2+ substitution within the host lattice. A 
decrease in the specific grain boundary conductivity was similarly reported by 
Batista et al [75] for Ni-doped 8YSZ which was attributed to Ni segregation at high 
temperatures resulting in a blocking effect.   
Kondakindi et al [57] reported reductions in both the grain boundary and total 
conductivity of 2 mol% Fe doped CGO10 sintered between 900-1400°C, although 
noted conductivity values approaching those of undoped CGO10 at higher 
temperatures. Within this range, increasing conductivity values were also reported 
with increasing sintering temperatures up to 1200°C. Above this temperature, it 
was suggested that the dissolution of Fe in the lattice would lower the 
concentration of free oxygen vacancies through the formation of defect complexes. 
These findings are in contrast to Pikalova et al [76] and Dong et al [56] who 
reported an increase in total conductivity for 1 at% Fe-doped CGO20 and CGO10 
respectively, and Zhang et al [21] and Avilla-Paredes et al [73] who reported an 
increase in the grain boundary conductivity of CGO20 and CGO1 respectively. 
Kondakindi et al [57] also reported a reduction in both the total and grain 
boundary conductivity of Mn-doped CGO10. These results were consistent with 
those of Pikalova et al [76] and Zhang et al [47; 77] for low concentration Mn-doped 
CGO20. Kang et al [79] compared the electrical properties of Mn-doped CeO2 and 
CGO, reporting a decrease in the total conductivity with increasing Mn content for 
both materials. Marina et al [79] showed that the ohmic resistance of a cell 
containing a YSZ electrolyte and (La0.8Sr0.2)0.98MnO3 cathode could be reduced when 
operated in synthetic coal gas. It was suggested that HCl within the gas acted to 
remove Mn, through the volatilisation of MnCl2, which had diffused to the interface. 
This reduction in ohmic resistance was only observed for Mn containing cathodes. 
Ge et al [80-81] studied the effects of low concentration Zn doping on the 
conductivity of Ce0.8Ln0.2O1.9 (Ln = Y, Sm, Gd). The addition of Zn was found to 
enhance the specific grain boundary conductivity in all three compositions when 
sintered at either 1400°C or 1600°C. Improvements in the bulk conductivity were 
also observed at sintering temperatures of 1600°C. Zn dopants were however shown 
by Gao et al [82] to reduce the total conductivity of yttria-doped ceria sintered 
between 1300-1600°C. 
The total conductivity is often dominated by its grain boundary contribution, 
which is known to be sensitive to several parameters including impurity segregation, 
sintering conditions and the method of dopant incorporation. It is therefore often 
difficult to make direct comparisons between different TMO dopants unless a large 
study has been performed using the same methodology and undoped starting 
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material. Table 2.3 shows the variation in total conductivity for a range of TMO 
dopants in CGO20 measured by Kleinlogel et al [55]; this is believed to be the 
largest single study on the effects of TMO doping in CGO. The table indicates that 
the addition of Co and Mn enhance the total conductivity, whilst Ni is shown to 
reduce it. The addition of either Cu or Fe is shown to have negligible effects on the 
conductivity. 
 
Table 2.3.:  Total conductivity of CGO20 and TMO-doped (2 cat%) CGO20 at 
700°C. Samples were sintered at 1000°C for 2 hours. Data adapted 
from [55]. 
 
 
 
 
 
 
 
 
 
2.3.4. Suggested Mechanisms for Modified Conductivity Behaviour  
 
Several mechanisms thought to be responsible for modifications in the electrical 
conductivity have previously been highlighted; so far these have mostly been based 
on observations corresponding to individual systems. Avila-Paredes et al [73] 
however believed that modifications in the grain boundary conductivity could be 
related to alterations in the space charge potential for many TMO dopants. The 
authors hypothesised that the charge of the grain boundary core could be modified 
by the introduction of aliovalent TMO dopants; this would in turn alter the grain 
boundary core potential that acts as an energy barrier to ionic diffusion. This 
hypothesis was tested on several TMO dopants (0.5 cat%) within CGO1, whose 
grain boundary conductivity is known to be controlled by space charge effects. 
According to the Mott-Schottky space charge model, the grain boundary core 
potential with reference to the bulk, , can be estimated by; 
  
(2.26) 
 
where gb and bulk are the grain boundary and bulk resistivities, e is the elementary 
charge, k is Boltzmann’s constant and T is the absolute temperature [73]. The 
values of  estimated by this model correlated well with the specific grain 
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boundary conductivity values recorded upon doping the material with Co, Fe, Cu 
and Mn. The TMO dopants were believed to exist in the grain boundary core as 
substitutional point defects. For those dopants that promoted grain boundary 
conductivity in CGO1, this would result in an effective negative charge as 
described by equation 2.27; 
 
(2.27) 
 
where M2O represents the TMO,  is the oxidation state of the dopant,  is the 
oxidation state of Ce within the grain boundary core and the subscript sp denotes a 
space-charge zone. A reduction in the net positive core charge was thought to be 
responsible for the reduced space charge potential. It was also suggested that the 
oxygen vacancies formed for charge neutrality may rather reside within the space 
charge zones owing to the pre-existing intrinsic depletion layers and positive core 
charge, which would further decrease the grain boundary resistivity.  
 
 
 
 
 
 
 
 
 
 
 
 
Figure 2.19.: The effect of Si segregation in TMO-doped oxygen ion conducting 
materials. (a) TEM dark field image of Mn + Si doped YSZ showing 
grain boundary and triple point silica segregation [83]. (b) Total 
conductivity as a function of temperature for nominally pure         
(30 ppm Si) and impure (200 ppm Si) CGO20 with various TMO 
dopants (0.5 at%) [77]. Data for Mn-doped pure CGO20 adapted 
from [47].  
 
Grain boundary Si segregation was previously shown to be detrimental to the ionic 
conductivity of ceria-based electrolytes (see section 2.1.3). Modifications in the 
grain boundary conductivity that result from TMO doping have also been related 
to interactions with these ubiquitous Si impurities. The addition of Mn was shown 
in section 2.3.3 to be detrimental to the grain boundary conductivity of several 
oxygen ion conducting materials. Zhang et al [47] attributed this effect in CGO20 
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to Mn doping altering the viscosity and wetting characteristics of SiO2 impurities, 
resulting in further grain boundary Si coverage. These results are in good 
agreement with those of Appel et al [83], who observed the propagation of Si to the 
grain boundaries and triple points in Mn-doped YSZ (see figure 2.19a).               
Zhang et al [77] continued this theme of work by comparing the electrical 
properties of nominally pure (30 ppm Si) and impure (200 ppm Si) CGO20 doped 
with 0.5 at% Mn or Co. These results are illustrated in figure 2.19b. As one would 
expect, the addition of Mn to impure CGO20 only exacerbates the decrease in 
conductivity. More surprising though, is the large drop in conductivity associated 
with Co-doping in impure CGO20. This was again attributed to the dopant 
altering the viscosity and wetting nature of the impurity Si. It should however be 
noted that most literature results have shown Co to enhance the grain boundary 
conductivity in nominally pure CGO. It can therefore be assumed that Co-doping 
is less susceptible to the effects of SiO2 impurities when considering just the 
ubiquitous siliceous species.    
 Low concentration Fe-doping, on the other hand, has been shown to act as a 
grain boundary Si scavenger in CGO. Figure 2.19 also demonstrates this effect, 
where the addition of 0.5 at% Fe is shown to enhance the total conductivity of 
impure CGO20 (200 ppm Si). A similar effect was reported by Dong et al [56] in 
CGO10. The variation in conductivity as a function of Fe content is illustrated in 
figure 2.20. At lower dopant concentrations, the addition of Fe is shown to enhance 
both the grain boundary and total conductivity, with the optimal Fe content found 
to be approximately 0.5 at%. The reduction in bulk conductivity was again 
attributed to the formation of defect complexes that result from the high 
association enthalpy of Fe3+ and oxygen vacancies in ceria.        
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 2.20.: Normalised conductivities of Fe-doped CGO20 (1450°C for 5 h) with 
reference to undoped CGO20 (1600°C for 5 h) at 400°C. Data 
adapted from [21]. 
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A similar grain boundary scavenging effect was reported by Ge et al [81] in    
Zn-doped CGO20 with 2000 ppm Si. However, rather than the scavenging effect 
resulting in the formation of zinc silicates, a new scavenging mechanism was 
proposed after TEM results showed the presence of separate Si-rich and Zn-rich 
precipitates at the triple grain junctions. It was suggested that ZnO merely 
accelerates the aggregation of intergranular siliceous phases. These precipitates 
were found to have dihedral angles greater than 120° and would therefore not 
permeate the grain boundaries due to their non-wetting nature. The optimal       
Zn-dopant concentration was reported to be approximately 1 mol%.  
 
2.3.5. Summary 
 
A thorough review into the effects of transition metal oxide doping in ceria-based 
materials has been given. Low concentration TMO doping has been shown to 
improve the densification kinetics of ceria-based materials in the majority of cases, 
with Co and Cu additions providing the largest decreases in sintering temperature. 
These enhancements are suggested to result from either a grain boundary liquid 
film that will aid densification via liquid-phase sintering or the activation of an 
early-stage viscous flow sintering mechanism. More recently it has been suggested 
that the TMO may also influence the degree of grain boundary disorder and thus 
the cation diffusivity. The effects of TMO doping on the conductivity of ceria-
based solid solutions has been shown to be more complex. It is generally agreed 
that the addition of Co, Cu, Fe or Zn will result in enhanced conductivities, whilst 
the addition of Mn, Ni or Cr will be detrimental. Modifications in the conductivity 
have been related to both alterations of the space charge potential and changes in 
the segregation and wetting properties of Si impurities. Many of the 
aforementioned studies, however, did not differentiate between the ionic and 
electronic contributions to these changes in conductivity.   
 
2.4. Overall Conclusions 
  
This chapter has critically reviewed the current literature understanding of ceria 
and ceria-based solid solutions. Mechanisms relating to the sinterability and 
electrical conductivity of ceria have been discussed with modifications resulting 
from trivalent cation doping (predominantly Gd) interpreted in terms of their 
influence on the defect chemistry and microstructure. The effects of transition 
metal oxide doping on the densification kinetics and electric behaviour of CGO and 
similar oxygen ion conducting materials has also been discussed. The opinion in the 
literature was shown be to quite divided on the mechanisms responsible for both 
the modified conductivity and densification behaviour. This, in part, resulted from 
conflicting experimental results, that most likely arose through differences in the 
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sintering and processing conditions and differences in the impurity concentrations 
in the starting powders.  
 
2.5. Thesis Objectives 
 
The main objectives of this thesis are to comprehensively examine the changes in 
densification and electrical behaviour that result from the addition of several 
common transition metal oxide additives in CGO. This study will focus on         
Co-oxide, a common sintering aid, and Mn and Cr-oxide, considered here to be 
impurity species, that may enter the electrolyte of a stainless steel supported cell 
during either manufacture, as processing contaminants, or during operation, as 
gaseous species. By examining a range of dopants in a single study, the 
discrepancies previously highlighted concerning differences in processing conditions 
and impurity concentrations can be avoided. The literature review presented in 
Chapter 2 highlighted many discrepancies in the mechanisms responsible for the 
modified sintering and electrical behaviour in TMO-doped CGO. This study aims 
to conclusively determine the exact role of these dopants during the sintering 
process and their subsequent influence on the conductivity. An in-depth assessment 
of these mechanisms will provide a better understanding of the overall role of 
TMO-doping in ceria-based solid solutions.  
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3. Experimental Techniques 
 
This chapter will present an overview of the principle techniques used throughout 
this study. The methodology shall be described systematically, starting with the 
materials synthesis and initial characterisation, and concluding with the remaining 
analytical techniques used to examine and interpret the effects of transition metal 
oxide doping in CGO.       
 
3.1. Sample Preparation 
 
Two commercially available Ce0.9Gd0.1O1.95 powders (NexTech Materials, Ohio, USA) 
with specific surface areas of approximately 7 and 31 m2 g-1 were used as starting 
materials with the appropriate transition metal dopants added in the form of 
nitrates (Co(NO3)26H2O, Cr(NO3)39H2O and Mn(NO3)24H2O, Alfa Aesar, 
Lancashire, UK). For the purpose of this chapter, both materials shall be 
abbreviated to CGO, with any variations in the experimental procedure highlighted. 
The selected dopant concentrations were achieved by mixing the required 
stoichiometric quantities of CGO powder and transition metal nitrate in ethanol   
(1 ml per gram of CGO) and stirring thoroughly for 30 minutes in an agate mortar. 
The solutions were then oven dried at 70C for a minimum of 4 hours allowing the 
ethanol to evaporate prior to the mixtures being re-ground. The resulting powders 
were subsequently calcined in air for 1 hour at 650C. This experimental procedure 
was repeated for the as-received CGO powders, but without the addition of the 
transition metal nitrates to provide an undoped reference. To prevent delamination 
when pressing pellets made from the higher surface area CGO, it was found 
necessary to increase the powder agglomerate size. This was achieved by 
isostatically pressing the powders at 120 MPa, before re-grinding them in an agate 
mortar and passing them through a 38 m stainless steel mesh. 
 Specimens were consolidated by uniaxially pressing the powders in a stainless 
steel die at 75 MPa for 15 seconds before isostatically pressing them at 300 MPa 
for 30 seconds in an air-tight rubber jacket. All samples that required full density 
for later analysis were sintered in accordance with table 3.1 at ramping rates of   
5C min-1 in static laboratory air. 
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Table 3.1.: Sintering conditions for high density specimens. All samples were 
sintered in static laboratory air at rates of 5C min-1. 
 
 
 
 
 
 
 
 
3.2. Density Measurements 
 
All green densities were determined geometrically prior to sintering, whilst the 
density of all sintered pellets were measured using the Archimedes method. The 
Archimedes method is based on the principle that a solid immersed in liquid will be 
exposed to a buoyancy force equal to the weight of liquid displaced by the volume 
of solid, and that the volume of solid will be equal to the volume of displaced liquid. 
It is therefore possible to calculate the density of a material, , by determining the 
weight of a specimen in both air, W(a), and in a liquid, W(fl); 
   
(3.1)   
 
where (fl) is the density of the liquid at temperature T, (g) is the density of air 
under standard conditions and D is the buoyancy contribution attributed to the 
wires of the pan hanger assembly. Prior to measuring W(fl), each pellet was 
submerged in distilled water under a light vacuum in order to fill any surface 
porosity. 
 
3.3. Particle Size Analysis  
 
The particle size distribution of the powders was determined using a Coulter LS 2 
Series Laser Diffraction Particle Size Analyser (Beckman Coulter, California, USA). 
This technique is based on the principle that an assembly of particles in suspension 
can cause the scattering of a monochromatic light source, where the scattering 
angle can be related to the particle size (assuming spherical particles) and the 
intensity of the light can be related to the proportion of particles within a given 
size class [1]. Samples were introduced to the instrument as dilute suspensions in 
distilled water. Prior to characterisation, a few drops of Tepol surfactant were 
added to each suspension and the solutions ultrasonically agitated in order to 
remove any soft agglomerates. 
Material Temperature (C) Dwell Time (min) 
CGO 1350 300 
Co-doped CGO 1020 45 
Cr-doped CGO 1500 300 
Mn-doped CGO 1200 120 
(Co+Cr)-doped CGO 1100 120 
 
( ) ( )
( )
( ) ( )
T
W a fl
g
D W a W fl
  

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3.4. Inductively Coupled Plasma Spectroscopy  
 
Inductivity coupled plasma spectroscopy combined with atomic emission 
spectroscopy (ICP-AES) was used to examine both the impurity concentrations in 
the pre-consolidated materials and the variations in nominal composition. When a 
solution containing a digested specimen is introduced to an Ar plasma, the atoms 
within the material will repeatedly ionise and de-ionise, emitting radiation with a 
wavelength characteristic of that particular electronic transition. This energy 
distribution is recorded by a spectrometer whilst the concentration of a species is 
determined by comparing the intensity of the radiation to calibrated standards. 
Prior to examination, any sintered specimen was ground into a fine powder in an 
agate mortar. All powdered specimens were then oven dried overnight at 105C to 
remove any residual moisture. Digestion was initially performed in hot HBr, 
followed by HCl and H2O2. All ICP-AES analyses in this study were performed by 
Dr. Stanislav Strekopytov at the Natural History Museum, London, UK.   
 
3.5. X-ray Diffraction 
 
The phase purity and lattice parameters of both the as-received CGO and TMO-
doped materials were characterised by means of x-ray diffraction (XRD) prior to 
sintering. Measurements were performed in an X’Pert PRO Diffractometer 
(PANalytical, Almelo, The Netherlands) using Cu K radiation. Diffraction 
patterns were typically obtained over the angular range 5-80° 2 using a step size of 
0.04° and an integration time of 50 seconds per step. Silicon (111) served as a 
measuring standard to account for instrumental broadening. Rietveld refinements 
of the lattice parameters were performed in TOPAS [2] by Dr. Ryan Bayliss at 
Imperial College, London, U.K.   
 Under certain conditions, an x-ray beam will be elastically scattered by a crystal 
lattice giving rise to constructive interference as described by Bragg’s Law; 
 
(3.2) 
 
where n is an integer,  is the wavelength of the incident x-ray, d is the lattice 
spacing and  is the angle of incidence. These parameters are illustrated 
schematically in figure 3.01. When two lattice planes have a spacing of d, the 
difference in path length for reflection between two parallel x-ray waves will be 
equivalent to 2d sin. For these waves to be in phase and constructively interfere, 
leading to a diffraction peak, this path length must be equivalent to an integer 
number of wavelengths, n. By varying the angle of the incident x-ray beam, the 
diffraction condition outlined by Bragg’s Law can be satisfied for a range of          
d-spacings, giving rise to a diffraction pattern that is unique to a given material.   
2 sinn d 
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Figure 3.01.: Schematic representation of two atomic planes with spacing d and an 
x-ray photon at an incident angle of  and subsequent diffracted 
photon. 
 
 An evaluation of the crystallite size was made using the Scherrer equation in 
X’Pert HighScore Plus [3]. The Scherrer equation assumes that if the crystallites in 
a specimen are sufficiently small, the diffraction maxima attained will be broadened 
by an amount inversely proportional to the crystallite size [4]. Determination of the 
broadening (above that caused by the instrumentation) can therefore provide an 
estimate of the crystallite size, L; 
  
(3.3) 
 
where K is the Scherrer constant (0.89),  is the wavelength of the radiation                     
(1.542 Å for Cu K), corr is the additional broadening in radians (above that 
caused by the instrumentation) and  is the Bragg angle. 
 
3.6. Synchrotron X-ray Diffraction 
 
Synchrotron x-ray diffraction (SXRD) experiments were performed on a range of 
Mn-doped CGO samples to examine the dopant concentration required for second 
phase precipitation. Each sample was consolidated and sintered in accordance with 
section 3.1, before being ground into a fine powder in an agate mortar. Samples 
were mixed with diamond powder (50:50 wt%) which was used as a dilutent to 
reduce the effects of sample absorption during data collection. Analyses were 
performed using radiation with a wavelength of 0.58921 Å, with data collected 
between 8-86 2. All SXRD measurements reported in this study were performed 
on the 10 BM-1 beamline at the Australian synchrotron, Melbourne, Australia by 
either Dr. Justin Kimpton or Dr. Christopher Munnings at CSIRO Energy 
Technology, Melbourne, Australia.     
d 
 
d sin 
cos
corr
K
L

 

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3.7. Dilatometry 
 
The densification behaviour of each material was studied using a Netzsch 402C 
Push Rod Dilatometer. Cylindrical pellets approximately 6 mm in diameter and       
8 mm in length were prepared in accordance with section 3.1. Unless otherwise 
stated, all measurements were recorded in air between 20°C and 1350°C at a 
constant heating rate of 10°C min-1. A correction factor accounting for thermal 
expansion in the alumina spacers was applied post-sintering using the associated 
Netzsch Proteus software [5].  
 
3.8. AC Impedance Spectroscopy 
 
The bulk and specific grain boundary contributions to the total conductivity were 
examined using AC impedance spectroscopy. Pellets, approximately 10 mm in 
diameter and 1 mm in length, were pressed in accordance with section 3.1 and 
sintered to high density in accordance with table 3.1. All samples were 
subsequently ground flat using 800 and 1200 grit SiC paper, before Pt electrodes 
were painted on and sintered at 900°C for 30 minutes. Impedance spectra were 
obtained using a Solatron 1260 Frequency Response Analyser over the range         
1-1×107 Hz with an excitation voltage of 50 mV. Measurements were recorded as a 
function of temperature between 120-700°C in air. All data was recorded using 
ZPlot [6], whilst equivalent circuit modelling was performed in the associated 
ZView software package [7]. Theoretical considerations concerning this technique 
are given in section 5.1.1.  
 
3.9. Electron Microscopy 
 
Electron microscopy is a general term used to describe a range of techniques that 
utilise the wave-particle duality of an electron source for imaging purposes. 
According to the classic Rayleigh criterion (equation 3.4), the smallest distance 
between two objects that can be individually resolved, , is proportional to the 
wavelength of the incident radiation, ; 
   
(3.4) 
 
where  is the refractive index of the viewing medium and  is the semi-angle of 
collection of the magnifying lens [8]. For the purpose of simplicity, µ sinβ, also 
known as the numerical aperture, is often approximated to unity. In electron 
microscopy, the electron wavelength, e, is dependent on the accelerating voltage 
used, as is shown by equation 3.5 [9]; 
0.61
sin

 

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(3.5) 
 
 
where h is Planck’s constant, m0 is the electron mass at rest, e is the elementary 
charge, V is the accelerating voltage and c is the speed of light. For an electron 
microscope operating at 200 kV, this corresponds to a wavelength of ~0.0025 nm, 
which is substantially smaller than the wavelength of visible light. This 
fundamentally permits greatly improved spatial resolution in electron microscopy 
compared to that in traditional optical microscopy.   
 When a sample is irradiated with a coherent beam of electrons, a number of 
interactions can occur between the incident electrons and the atoms within the 
material. These interactions will lead to several detectable secondary signals that 
can be categorised by their angular range or elastic/inelastic response, as is shown 
schematically for a thin specimen in figure 3.02. It should however be noted that 
for bulk specimens, such as those used in scanning electron microscopy, only 
incident electrons that are scattered through angles greater than 90° are detectable. 
 
 
  
 
 
   
 
 
 
 
 
 
 
 
Figure 3.02.: Schematic illustrating the interactions between an electron beam and 
a thin crystalline specimen. Image adapted from [8]. 
 
3.9.1. Scanning Electron Microscopy 
 
Scanning electron microscopy (SEM) was used to characterise both the morphology 
of the as-received powders and the microstructures of the sintered materials. SEM 
imaging is achieved via the detection of either backscattered or secondary electrons 
that result from interactions between a rastered incident electron beam and the 
surface of a sample. Secondary electron imaging is particularly advantageous when 
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examining the morphology of a material due to the significant differences in 
electron current that result from slight variations in surface curvature [9]. 
 All SEM characterisation was performed in secondary electron imaging mode on 
a Gemini 1525 Field Emission Gun-Scanning Electron Microscope (Carl Zeiss Ltd., 
Germany). Sintered pellets, prepared in accordance with section 3.1, were initially 
ground flat using 800 and 1200 grit SiC papers before being polished to a 0.25 µm 
finish with a succession of diamond suspensions. The samples were subsequently 
thermally etched at 90% of their sintering temperature for 30 minutes. All samples 
were mounted onto aluminium stubs using carbon tape prior to being coated in a 
thin layer (~20 nm) of Au by sputter deposition. This established a conducting 
pathway to the sample holder and thus avoided charging of the specimens.  
 
3.9.2. Transmission Electron Microscopy 
 
Two types of transmission electron microscopy (TEM) were employed throughout 
this study: conventional TEM and scanning-TEM (STEM). Transmission electron 
microscopy differs from SEM in that the secondary signals detected are the result 
of electrons that have been transmitted through the sample as opposed to scattered 
backwards in the direction of the source. Image contrast arises due to the 
interactions between the incident electron beam and the specimen. In bright-field 
TEM, the image is formed from the direct beam, whereas in dark-field TEM, it is 
the diffracted electrons that are used to form the image contrast. All conventional 
TEM in this study was performed using bright-field imaging and this shall 
therefore form the basis of this discussion. Since bright-field imaging excludes the 
scattered electrons, regions in the sample that enhance electron scattering will 
appear dark. Contrast in a bright-field image is dependent on several parameters. 
Mass-thickness contrast for example, occurs due to incoherent Rutherford-type 
scattering, where the incident electrons are scattered by the positively charged 
nuclei and the extent of the scattering is dependent on the atomic mass, Z. Regions 
that contain high mass elements will scatter more electrons to higher angles that 
fall outside the acceptance angle of the objective aperture, therefore appearing 
darker in a bright-field image. The same is true for regions of higher density or 
thickness where the probability of Rutherford-type scattering will also be higher. 
The image contrast will also be affected by the structure and orientation of the 
crystal i.e. by diffraction contrast. When the diffraction condition outlined by 
Bragg’s Law (equation 3.2) is met, the incident electrons will be coherently 
scattered by the regular spacing of the atomic planes within the crystal. By tilting 
the sample, the objective aperture can be used to select which diffracted beam 
contributes towards the formation of the image. Regions that satisfy a different 
Bragg angle and do not contribute, will appear dark and therefore result in image 
contrast. 
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 Whilst conventional TEM utilises parallel illumination, in STEM mode, the 
incident electron beam is converged into a single point on the specimen. In order to 
form an image, the incident electron probe must raster across the sample in a 
similar fashion to that seen in scanning electron microscopy, collecting the electrons 
scattered at each beam position. All images obtained in this study by STEM were 
in Z-contrast. This technique is a variation of dark-field TEM, where electrons 
scattered to high angles, due to Rutherford scattering, are collected by a high angle 
annular dark field (HAADF) detector. The intensity of these scattered electrons is 
again dependant on the atomic number of the species. 
 
3.9.2.1. Chemical Analysis in Transmission Electron Microscopy 
 
STEM imaging can also be combined with several analytical techniques to provide 
chemical information about the specimen. Electron energy loss spectroscopy 
(EELS), for example, enables identification and quantification of the elements 
within the specimen. Columbic interactions between the incident electrons and 
those in the specimen can cause inelastic scattering and the loss of incident electron 
energy. This energy distribution can be recorded by a spectrometer, enabling 
information regarding the nature of these inelastic processes to be ascertained. Of 
particular interest are the variations in electron intensity that occur with higher 
energy losses i.e. in the core loss region (see figures 4.28 and 4.39). These energy 
losses are characteristic of the energy required to excite a specific core electron to a 
specific unoccupied state. EELS spectra can thus be used to identify both the 
atomic species present in a specimen and variations in their valence state [10].  
 Another analytical technique that can be combined with STEM is energy 
dispersive x-ray spectroscopy (EDX). Here, interactions between the incident 
electron beam and atoms within the sample may excite electrons within an inner 
shell to a higher energy state. This will lead to the formation of an electron-hole 
pair which will subsequently be filled by an electron from an outer shell. The 
energy released during this process may be emitted as an x-ray with an energy 
equivalent to that of the electron transition between the two shells. The energy of 
these characteristic x-rays can again be measured by a spectrometer and used to 
assess the elements present in the sample [8]. Performing these measurements in 
STEM mode also enables an entire EDX spectrum to be obtained from each pixel 
in the corresponding HAADF image. Details concerning the estimated errors of this 
technique are given in Appendix A1.  
 
3.9.2.2. Sample Preparation 
 
All TEM cross-sections were prepared from bulk samples using a focused ion beam 
(FIB) milling system (Helios NanoLab, FEI Company, USA). A gold coating     
(~20 nm) was deposited onto the surface of the sintered pellets by sputter 
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temperature examined, the steady-state current was measured between 0 V and     
-0.6 V and back again using a step size of 0.02 V (i.e. 30 steps per direction). A 
polarisation time of 30 minutes was used at each step to equilibrate the sample and 
to ensure that the measured current was solely electronic in nature. A dwell time of 
1 hour was also applied at each new measurement temperature to further 
equilibrate the sample. All Hebb-Wagner experiments and subsequent resistance 
corrections were performed by Ms. Kerstin Schmale at the University of Münster, 
Germany. Theoretical considerations concerning the Hebb-Wagner polarisation 
technique are given in section 5.2.1.    
 
3.11. Low Energy Ion Scattering 
 
The effects of surface segregation in TMO-doped CGO were examined using low 
energy ion scattering (LEIS) measurements performed on a Qtac100 LEIS 
instrument (ION-TOF GmbH, Germany). All specimens were prepared in 
accordance with section 3.1 before being ground flat using 800 and 1200 grit SiC 
papers and polished to a 0.25 m finish using a succession of diamond suspensions. 
Prior to analysis, all samples were annealed at 650C for 10 hours in a clean quartz 
tube. Once loaded into the lock-load of the instrument, the surface of the annealed 
pellets were cleaned using an atomic oxygen cleaner. After approximately            
30 minutes of cleaning, the samples were transferred under vacuum into the 
analysis chamber where a cursory spectrum was obtained using a 3 keV He+ 
analysis beam. The samples were then transferred back into the lock-load for 
additional oxygen cleaning (approximately 15 minutes) before another cursory 
spectrum was obtained. At this point, if there were no changes in the scattering 
yields, the sample was presumed free of any surface absorbents, if not, further 
oxygen cleaning was required. All samples were analysed under both a 3 keV He+ 
and 5 keV Ne+ analysis beam, whilst all depth profiling was performed under a     
1 keV Ar+ sputter beam. The analysis chamber was kept at a base pressure of       
10-10 mbar increasing to 10-8 mbar during analysis. All LEIS measurements 
performed in this study were done so with the assistance of Dr. S. Cook. 
Theoretical considerations concerning the LEIS technique are given in section 6.1. 
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4. Sintering Properties of TMO-doped 
Cerium Gadolinium Oxide 
 
Gadolinium-doped cerium oxide has been shown to exhibit promising levels of ionic 
conductivity within the IT-SOFC operating range (500-700°C). Intermediate 
temperature operation is beneficial, in part, as it will facilitate the use of cheaper 
and more robust stainless steel interconnects and cell supports that share a similar 
thermal expansion coefficient to CGO (~12.5×10-6 K-1) [1]. It has however been 
shown that CGO powders require sintering temperatures in excess of 1300°C for 
full densification [2-3]. This has prevented co-firing of the electrolyte and 
interconnects due to degradation of the stainless steel above ~1000°C. A reduction 
in the sintering temperature of CGO is therefore highly desirable. It has previously 
been shown that the sintering temperature of CGO can be reduced by the 
introduction of a transition metal oxide sintering aid. The addition of low 
concentration CoO has, in particular, proved effective in reducing the sintering 
temperature of CGO to ~900°C without it having a deleterious effect on the 
conductivity [4-5]. The use of stainless steel supports may also result in elements 
from the steel, such as Cr and Mn, entering the electrolyte during manufacture, 
effectively leading to multiple doping of the material.  
 
This chapter shall discuss the effects of the aforementioned transition metal oxide 
dopants, singularly and in combination, on the sintering behaviour of CGO. The 
shrinkage characteristics were firstly investigated as a function of dopant 
concentration using dilatometry and further analysed by examination of the 
apparent sintering activation energies. The literature review presented in chapter 2 
provided little direct information concerning the location of the TMO dopants 
either during or after the sintering process. Using quantifiable STEM analysis it 
was possible to record the location and concentration of the elements concerned as 
a function of density and sintering time. Using this information, a critical 
evaluation of the existing literature was made and the mechanisms responsible for 
the modified sintering behaviour were reassessed. 
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4.1. Initial Characterisation of Materials 
 
The preliminary experiments in this study were performed on two batches of 
commercially available CGO enabling the effects of particle size on the sinterability 
of the material to be examined. The specific surface areas of the powders were 
reported as 7 and 31 m2 g-1, and shall be referred to as either the low surface area 
(CGOLSA) or high surface area (CGOHSA) powder respectively.  
 The x-ray powder diffraction patterns of the as-received materials are illustrated 
in figure 4.01 and show both powders to be single phase with a cubic fluorite-type 
structure. The average crystallite sizes were determined by measuring the peak 
broadening of the (111) reflection (equation 3.3). It was assumed that the specimen 
contribution to the peak broadening was due solely to the crystallite size and not 
to microstrain. Values of 117.1 nm and 35.6 nm were attained for CGOLSA and 
CGOHSA respectively. This difference in size corresponds well to the broadening 
observed in the diffraction pattern of CGOHSA. It should be noted that these values 
are indicative of the crystallite size, since the results refer only to the effective 
length along which the diffraction is coherent [6]. These values may therefore not 
be representative of particle size, since an individual particle may contain several 
crystallites. The CGOHSA crystallites are shown to be similar in dimensions to the 
so-called nano-powders referred to in the literature (i.e. being on the order of        
20 nm [7]). Theoretical densities determined from Rietveld refinements of the 
lattice parameters (performed in TOPAS [8]) are shown in table 4.1 for the        
pre-consolidated powders which are in good agreement with the literature [9].        
 The morphology of both powders was examined by particle size analysis (laser 
light interferometry). This technique is capable of determining particle sizes 
ranging between ~0.1-1000 m, and will therefore be able to account for both 
primary particles (clusters of crystallites) and agglomerates that could not be 
broken down by ultrasonic agitation. The particle size distribution of undoped and 
2 cat% Co-doped CGOLSA and CGOHSA are shown in figure 4.2.  
 
Table 4.1.:  Theoretical densities calculated from Rietveld refinements of the     
x-ray diffraction patterns.  
 
 
 
 
 
 
 
 
 
Material Theoretical Density (g cm-3) 
CGOLSA 7.215 ± 0.001 
CGOHSA 7.218 ± 0.002 
2CoCGO 7.116 ± 0.006 
2CrCGO 7.117 ± 0.003 
2MnCGO 7.119 ± 0.007 
2Co1CrCGO 7.133 ± 0.005 
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Figure 4.01.: Measured x-ray powder diffraction patterns of CGOLSA and CGOHSA. 
Peak broadening is observed in the high surface area material.  
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 4.02.: Particle size distribution for undoped and Co-doped (2 cat%) 
CGOLSA and CGOHSA. 
 
 The mean agglomerate size lies between 2-5 m for all powder compositions. It 
is interesting to note that the doped materials exhibit a lower degree of 
agglomeration than their un-doped counterparts. This could result from the 
diffusion of the transition metal nitrate from the particle agglomerate surfaces to 
the primary crystallite grain boundaries during calcination. The low heating rates 
and high temperatures (relative to the sintering temperature) used for calcination 
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concentrations of Ce, Gd, and Co are expressed by weight (% w/w) and all 
impurities are expressed in parts per million (ppm). The cation stoichiometry is 
shown to be in reasonable agreement with the nominal composition, although the 
concentrations of Ce and Gd are both slightly lower than those expressed by the 
manufacturer; this has previously been reported for other commercially available 
CGO powers [10]. The measured Co concentration in 2CoCGOHSA was found to be 
1.78 cat%, which was lower than the intended 2 cat% target. This was most likely 
a response to insufficient mixing of the starting materials. Both the undoped and 
doped materials exhibit very low levels of intrinsic impurities, with the 
concentrations of Al, Ca and Mg all being below 40 ppm. It is thought that such 
concentrations on their own will have negligible effects on the sinterability of CGO, 
although all three dopants have been shown to reduce the densification kinetics of 
CGO at doping levels >1 mol% [11]. The limits of detection (LoD) noted in      
table 4.3 varies for each element due to interference from spectral lines of other 
elements [10]. Whilst it is evident that the Si concentration is below 100 ppm in 
both materials, the high limit of detection prevents the actual Si content from 
being determined. Such levels of impurity are again thought to have negligible 
effects on the sinterability of CGO, since detrimental densification behaviour has 
only been reported at dopant concentrations greater than 3000 ppm Si [12].     
Steele [13] however defined clean CGO as being a powder containing less than 30 
ppm Si, due to the effects the impurity has on the grain boundary conductivity. 
The higher levels of Fe impurities found in the material are thought to result from 
the stainless steel meshes used during sieving (see section 3.1). Although ICP-AES 
analysis was only performed on one TMO-dopant composition, similar impurity 
levels are suspected for all other materials.    
 
Table 4.3.:  ICP-AES analysis of CGOHSA and 2CoCGOHSA. A blank                  
‘ – ’ indicates that the concentration is below the limit of detection 
(LoD). Percentages are expressed in (% w/w).    
 
Material 
Ce 
(%) 
Gd 
(%) 
Co 
(%) 
Al 
(ppm) 
Ca 
(ppm) 
Cr 
(ppm) 
Fe 
(ppm) 
Mg 
(ppm) 
Ni 
(ppm) 
Si 
(ppm) 
CGOHSA 68.38 8.77 - - 34.9 - 46.1 27.7 - - 
2CoCGOHSA 68.15 8.77 0.578 - 27.1 - 43.8 26.1 - - 
LoD 0.01 0.01 0.005 50 5 10 25 1 50 100 
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Figure 4.04.:  Shrinkage as a function of temperature for as-received and 
granulated CGOHSA. The dashed lines correspond to the first order 
derivatives of the curves. 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 4.05.: Measured x-ray diffraction patterns of sintered CGOHSA pellets at 
indicated dopant compositions. 
 
 Consolidation of the CGOHSA powders proved difficult due to the large surface 
energies associated with the materials; this resulted in end-capping of the pellets 
when uniaxially pressed in accordance with section 3.1. This was eventually 
overcome by isostatically pressing the powders prior to consolidation, to increase 
the granule (or agglomerate) size. Figure 4.04 shows the variation in shrinkage as a 
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function of temperature for samples of as-received and granulated CGOHSA 
measured using dilatometry. The results indicate that, within experimental error, 
both powders display the same shrinkage behaviour, exhibiting a maximum 
shrinkage rate at ~900°C and attaining full density at ~1250°C. These similarities 
were expected as the initial granulation should merely have increased the 
agglomerate size (by applying weak surface forces) without having an effect on the 
primary particle/crystallite radius.   
 Figure 4.05 shows the x-ray diffraction patterns taken from fully dense samples 
of CGOHSA, 2CoCGOHSA, 2CrCGOHSA, 2MnCGOHSA and 2Co1CrCGOHSA. The 
patterns show each material to be single phase, within the technique’s limit of 
detection, with a cubic fluorite-type structure. Theoretical densities were again 
determined from Rietveld refinements of the lattice parameters and are shown in 
table 4.1. The differences in peak intensity are thought to result from the different 
atomic scattering factors associated with the dopant elements. 
 
4.2. Densification Behaviour  
 
This section shall describe the effects of TMO doping on the sinterability of CGO 
as determined by dilatometric studies and SEM/TEM microstructural analysis. 
The influence of the initial particle size on the densification kinetics has been 
examined by comparing undoped CGOHSA and CGOLSA and their Co-doped                 
(2 cat%) counterparts. The sintering analyses described in section 4.2.2 onwards 
will however only focus on the doping of CGOHSA due to the enhanced densification 
behaviour observed in the material. The nomenclature will thereafter refer to all 
powders as CGO, without the HSA or LSA subscripts. 
 All experiments were performed using constant heating rate (CHR) dilatometry, 
which describes a schedule in which measurements are recorded upon heating at a 
fixed rate to a certain temperature. CHR data can be difficult to analyse due to 
changes in the dominant sintering mechanism that may occur with temperature. 
This sintering schedule will however be more indicative of a manufacturing scenario, 
where minimal dwell times are necessary to limit degradation of any co-fired 
stainless steel components.  
 Where the green densities of the powder compacts were recorded prior to testing, 
the shrinkage behaviour has been expressed as a function of relative density. 
Assuming that the mass of the powder compacts remain constant and that the 
shrinkage is isotropic, the relative density, , can be calculated from the relative 
linear shrinkage acquired by dilatometry; 
   
(4.1) 
 
3
0
0
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L
 
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where 0 is the green density, L is the uniaxial shrinkage and L0 is the initial 
sample length.  
 
4.2.1 Co-doped CGO: Particle Size Comparison 
 
A comparative study was performed on samples of CGOHSA and CGOLSA to 
examine the effects of particle size on the densification kinetics. The variation in 
relative shrinkage as a function of temperature is illustrated in figure 4.06a for both 
materials. The figure shows that at a heating rate of 10°C min-1, CGOHSA had 
attained maximum density by 1220°C, whereas under identical sintering conditions, 
CGOLSA had yet to fully densify. This discrepancy results from the higher driving 
force for densification associated with the high surface area powder. It should be 
recalled from section 2.2.1 that the driving force for densification can be influenced 
by the particle surface curvature, which can be related to the surface free energy of 
the system by the particle radius. The higher driving force will result in a lower 
sintering onset temperature and lower Tmax as has been shown elsewhere in the 
literature [2, 14]. The similarities in maximum shrinkage are assumed to result 
from both powders being governed by the same sintering mechanisms, which have 
previously been proposed as grain boundary and volume diffusion in CGO [15]. The 
shoulder observed in the shrinkage-rate curve of CGOLSA is thought to result from 
the bimodal particle size distribution shown in figure 4.02. 
 Differences in the starting particle morphology are shown to be of greater 
influence to the densification of the Co-doped materials (figure 4.06b). The addition 
of 2 cat% Co decreases Tmax by 130°C in CGOLSA compared to only 40°C in 
CGOHSA. Similar observations were reported by Jud et al [14], who noted a more 
pronounced drop in Tmax with increasing particle size for Co-doped CGO specimens. 
The authors also noted that low concentrations of CoO would have negligible 
effects on the sinterability of CGO and CeO2 for powders of smaller crystallite size 
(~10 nm) whilst a notable decrease in Tmax would only occur in these materials at 
considerably higher dopant concentrations. As a powder approaches the nanometre 
range, the specific surface area will increase dramatically, making the homogeneous 
distribution of a dopant more difficult whilst also reducing the concentration of 
dopant per unit surface area. Information regarding the sintering onset temperature, 
Tonset, temperature of maximum shrinkage, Tmax, and final sintering temperature, Ts, 
are summarised for the aforementioned powder compositions in table 4.4.  
Based on previous literature findings [15-17], a dopant concentration of 2 cat% 
Co has been used to examine the densification properties of CGO. With reference 
to figure 4.06a and b, the addition of 2 cat% Co has been shown to enhance the 
densification behaviour of undoped CGO by reducing both the final sintering 
temperature and increasing the magnitude of the final shrinkage. These results are 
in good agreement with the literature for both CGO [17] and CGO20 [16].  
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Figure 4.06.: Shrinkage as a function of temperature for (a) Undoped CGOHSA and 
CGOLSA and (b) 2 cat% Co-doped CGOHSA and CGOLSA. The dashed 
lines correspond to the first order derivatives of the curves where 
grey represents the LSA powder and black represents the HSA 
powder. All data collected at heating rates of 10°C min-1.  
 
 
 
(a) 
 
(b) 
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Table 4.4.:  Summary of the sintering data for undoped and Co-doped (2 cat%) 
CGOHSA and CGOLSA. All data collected at heating rates of         
10°C min-1. 
 
Material Tonset (°C) Tmax (°C) Ts (°C) 
CGOLSA 860 1100 >1300 
2CoCGOLSA 710 970 1300 
CGOHSA 560 900 1220 
2CoCGOHSA 560 860 1080 
 
The introduction of a Co oxide sintering aid is also shown to reduce the 
temperature range over which densification will occur; this effect is more prominent 
in CGOHSA then CGOLSA. For example, whilst CGOHSA exhibits a broad sintering 
range of ~400°C, 2CoCGOHSA has completed the densification process within 
~200°C. This decrease is however not as pronounced as that reported by  
Kleinlogel et al [7] in Co-doped CGO20, where the densification process was noted 
to have reached completion within 50°C. In that instance, the narrow densification 
range was thought to be representative of liquid phase sintering. An argument 
against this densification mechanism shall be raised in section 4.5.1; however, it is 
agreed that such a reduction in the sintering temperature range is clearly indicative 
of an increase in grain boundary cation diffusion, whether via a liquid or in the 
solid state.   
 
 
 
   
 
 
 
 
 
 
 
Figure 4.07.:  Bright-field TEM micrographs of (a) CGOHSA sintered at 1350°C for 
5 hours and (b) 2CoCGOHSA sintered at 1020°C for 45 minutes. 
 
 The effect of Co-doping on the microstructure of CGOHSA is illustrated in        
figure 4.07. Using the grain intercept method with a proportionality constant of 
1.56 [18], the average grain sizes were calculated as 843 nm for undoped CGOHSA 
and 221 nm for 2CoCGOHSA. The large difference in grain size partly results from 
0.5 µm 0.2 µm 
(a) (b) 
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the different sintering regimes used with these materials (see table 3.1). The 
enhanced grain growth observed in undoped CGOHSA is a response to both the 
increased sintering temperature and sintering dwell time. Closer examination of the 
micrographs reveal no residual grain boundary or triple junction porosity owing to 
the high relative densities of both materials (>98%). Although the grain 
measurements provide no direct comparison (due to the different sintering regimes), 
it has been reported [19] that under similar isothermal sintering conditions,        
Co-doping will enhance grain boundary mobility and hence grain growth in CGO. 
This was attributed to Co excess providing a fast diffusion pathway for matter 
both parallel and perpendicular to the grain boundary. As one would expect, the 
extent of the grain growth was related to the temperature at which the isothermal 
experiments were performed.  
 An interesting feature to note is the presence of possible dislocations along the 
grain boundary in figure 4.07a. Dislocation formation in polycrystalline ceramics 
has previously been reported elsewhere, however this has occurred in materials 
where dislocations are more expected due to misfit stresses between two distinct 
phases [20]. The likely causes of these dislocations are the stresses induced at the 
grain boundary by Gd enrichment (see figure 5.04) or plastic deformation under 
the sintering stress. Similar dislocations were also observed in Cr-doped CGO 
(figure 4.10) and Mn-doped CGO (figure 4.12). 
 
4.2.2 Cr-doped CGO 
 
The effects of low concentration Cr-doping on the densification properties of CGO 
are shown in figure 4.08a. It is apparent from the figure that Cr-concentrations in 
excess of 0.1 cat% (0.1CrCGO) inhibit the sintering kinetics compared to the 
undoped material, with this effect becoming more pronounced with increasing 
dopant concentration. For dopant levels above 0.5 cat%, final stage sintering had 
yet to initiate even at 1300°C. Ensuing Archimedes experiments showed that 
relative densities greater than 96% could only be achieved in all powder 
compositions after sintering at 1500°C for 5 hours. These results are in partial 
agreement with those of Zajạc et al [21] who observed an increase in Tmax with 
increasing Cr content for CGO15, although they describe Cr doping as being 
ineffective as opposed to detrimental to the densification. Information regarding the 
sintering onset temperature, Tonset, temperature of maximum shrinkage, Tmax, and 
final sintering temperature, Ts, are summarised for all Cr-dopant concentrations in 
table 4.5. It is interesting to note that Cr appears to be the only transition metal 
oxide studied in the literature that has not proved beneficial to the sinterability of 
CGO. The densification curves of 0.5CrCGO, 1CrCGO and 2CrCGO also appear 
to show slight inflections during intermediate stage sintering. 
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Figure 4.08.: Constant heating rate dilatometry of Cr-doped CGO samples 
performed at 10°C min-1 (a) Relative density as a function of 
temperature (b) Relative linear shrinkage rate as a function of 
temperature. 
 
 
 
(a) 
 
(b) 
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Table 4.5.:  Summary of the sintering data for undoped and Cr-doped CGO. All 
data collected at heating rates of 10°C min-1. Where the material 
exhibits 2 shrinkage rate maxima, the lower temperature has been 
reported. 
 
Material Tonset (°C) Tmax (°C) Ts (°C) 
CGO 560 900 1220 
0.001CrCGO 560 900 1220 
0.01CrCGO 560 900 1220 
0.1CrCGO 560 940 1300 
0.5CrCGO 560 940 >1300 
1CrCGO 640 1060 >1300 
2CrCGO 700 980 >1300 
4CrCGO 820 1190 >1300 
 
 Figure 4.08b shows the relative linear shrinkage rates as a function of 
temperature for the different Cr-dopant compositions. The linear shrinkage rate 
curves of 0.001CrCGO, 0.01CrCGO and 0.1CrCGO are shown to exhibit single 
maxima (as was the case for CGO and 2CoCGO), whereas the curves pertaining to 
dopant compositions of 0.5-2 cat% Cr show dual maxima, the first of which 
corresponds well to the onset of the aforementioned inflection points in the 
densification curves. It is strange to note however, that the temperature of these 
inflection points do not correlate to increasing dopant concentration. It was 
originally postulated that the inflection points may correspond to a reduction in 
density resulting from Cr volatilisation above ~1000°C [22]. The validity of this 
claim was tested by ICP-AES analysis (courtesy of Dr. Stanislav Strekopytov at 
the Natural History Museum, London). Table 4.6 shows the analysis of 4CrCGO 
performed before and after sintering at 1100°C for 2 hours, at ramping rates of   
5°C min-1. This sintering schedule was chosen to replicate the composition of the 
material shortly after the first maximum in the shrinkage rate was observed. The 
concentrations of Ce, Gd and Cr are expressed by weight (% w/w). 
 The values listed in table 4.6 indicate that there is a slight decrease in the 
concentration of all three major constituents; this resulted from small amounts of 
undissolved material remaining in solution after digestion. As such, the exact loss 
of Cr could not be directly determined. Subsequent STEM experiments of 2CrCGO 
did however reveal the formation of a Cr-rich second phase that may explain the 
changes in the densification behaviour. Full analysis of the microstructural 
evolution will be given in section 4.4. 
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4.2.3 Mn-doped CGO 
 
The effect of low concentration Mn-doping on the densification and shrinkage rates 
of CGO in constant heating rate dilatometry are shown in figure 4.11. Figure 4.11a 
shows relative density as a function of temperature for CGO samples of differing 
Mn content. It is evident that Mn-doping results in increased relative density 
compared to undoped CGO for all compositions studied. For example, at a heating 
rate of 10°C min-1, undoped CGO achieves maximum density at 1220°C, whereas 
with a moderate doping concentration of 1 cat% Mn (1MnCGO), a relative density 
of  >99% is attainable at 1120°C; suggesting a reduction in sintering temperature 
of 100°C. Relative densities of >99% were obtained after sintering for all Mn 
dopant concentrations despite there being considerable differences in green body 
density. Information regarding the sintering onset temperature, Tonset, temperature 
of maximum shrinkage, Tmax, and final sintering temperature, Ts, are summarised 
for all Mn-dopant concentrations in table 4.7. 
 
Table 4.7.:  Summary of the sintering data for undoped and Mn-doped CGO. All 
data collected at heating rates of 10°C min-1.  
 
Material Tonset (°C) Tmax (°C) Ts (°C) 
CGO 560 900 1220 
0.1MnCGO 600 960 1200 
0.5MnCGO 720 1060 1200 
1MnCGO 720 1090 1120 
2MnCGO 740 1020 1100 
4MnCGO 700 940 1180 
 
 
 Figure 4.11a shows a systematic decrease in green density with increasing Mn 
content. It is thought that these differences are caused by the Mn modifying the 
inter-particle forces leading to less favourable packing geometries. Jud et al [15] 
noted a correlation between dopant concentration and sintering onset temperature 
in their study of Co-doped CGO20, suggesting that a lower packing density would 
result in a longer first stage sintering regime. This however does not appear to hold 
true in the case of Mn-doped CGO with dopant concentrations in excess of 2 cat%. 
The most effective dopant concentration was shown to be 2 cat% Mn (2MnCGO), 
having reduced the final sintering temperature of undoped CGO by 110°C. 
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Figure 4.11.: Constant heating rate dilatometry of Mn-doped CGO samples 
performed at 10°C min-1 (a) Relative density as a function of 
temperature (b) Relative linear shrinkage rate as a function of 
temperature. 
 
 
 
(a) 
 
(b) 
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 Figure 4.11b depicts the corresponding linear shrinkage rates as a function of 
temperature. A comparison of the data shows that Mn-doping results in higher 
maximum shrinkage rates, whilst Tmax is also increased across the entire 
composition range. This is in disagreement with the findings of Zhang et al [3] who 
noted a decreasing Tmax with increasing dopant content in their study of Mn-doped 
CGO20. This disparity is attributed to the mixed oxide synthesis route used by the 
authors and the likely differences in dopant distribution that resulted. Zhang et al 
suggested that Mn-doping led to the activation of an early-stage viscous flow 
sintering mechanism in CGO20. This was based on conclusions drawn from 
sintering models previously used to elucidate the improved densification behaviour 
of Fe-doped CeO2. Since the current results show both an increased Tmax and 
elevated sintering onset temperature across all Mn dopant compositions, an early 
stage viscous flow sintering mechanism seems an unlikely explanation for the 
improved densification behaviour exhibited in Mn-doped CGO prepared by nitrate 
addition. An increased sintering onset temperature has also been reported elsewhere 
in the literature [11, 23] for Mn-doped CGO synthesised via nitrate addition.  
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 4.12.: Bright-field TEM micrograph of 0.1MnCGO sintered at 1200°C for     
2 hours with grain boundary dislocations highlighted. 
 
 Grain boundary dislocations were again observed in all Mn-doped CGO 
compositions. Figure 4.12 shows an example of 0.1MnCGO sintered for 2 hours at 
1200°C. It is clear from the micrograph that these defects are present as dislocation 
loops and are of a similar density to those in the undoped material. Such defects 
have not previously been reported in CGO. This is unlikely to be an anomaly in 
the studied material, but result from a lack of bright-field TEM data in the 
literature.    
0.5 μm 
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Figure 4.13.: Constant heating rate dilatometry of 2Co1CrCGO performed at 
10°C min-1 (a) Relative density as a function of temperature           
(b) Relative linear shrinkage rate as a function of temperature. The 
densification behaviour of CGO, 2CoCGO and 1CrCGO are also 
shown for comparison.  
 
 
 
(a) 
 
(b) 
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4.2.4 Multiple TMO doping: (Co + Cr)-doped CGO 
 
The effects of multiple TMO doping on the sinterability of CGO were examined 
using a dopant concentration of 2 cat% Co + 1 cat% Cr (2Co1CrCGO). This 
dopant ratio was selected due to the observable differences in sintering behaviour 
noted at these concentrations when doped singly in CGO. The densification 
behaviour of 2Co1CrCGO is shown in figure 4.13; the densification characteristics 
of CGO, 2CoCGO and 1CrCGO are also shown for reference. At a heating rate of 
10°C min-1, 2Co1CrCGO had attained a relative density >99% at 1100°C, whereas 
under the same sintering conditions, undoped CGO had only recorded a relative 
density of approximately 96%. 2Co1CrCGO does not however promote 
densification in CGO as effectively as 2 cat% Co on its own. Nevertheless, the 
inhibiting effects of Cr-doping in CGO are largely nullified by the presence of Co. 
It can therefore be concluded, that so long as CGO is doped with an effective 
sintering aid equivalent to Co, the inhibiting effects of low level Cr impurities on 
the sintering properties of CGO can be avoided.  
  
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 4.14.: Bright-field TEM micrograph of 2Co1CrCGO sintered at 1100°C for     
2 hours. 
  
 2Co1CrCGO exhibits certain traits that are characteristic of both TMO dopants. 
Figure 4.14 illustrates a typical bright-field TEM image of 2Co1CrCGO sintered at 
1100°C for 2 hours. The average grain size was determined as 349 nm using the 
grain intercept method with a proportionality constant of 1.56 [18]. The double 
maximum shown in the linear shrinkage rate curve (figure 4.13b) is believed to 
result from the formation of a Cr-rich second phase (figure 5.19) similar to that 
observed in full density 2CrCGO (figure 4.37). On the other hand, the grain 
boundary microstructure of 2Co1CrCGO is shown to be more comparable to that 
0.2 µm 
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of 2CoCGO than 2CrCGO, exhibiting very few dislocation loops, despite the 
sintering temperature being relativity low.   
 
4.3. Apparent Sintering Activation Energy  
 
The effects of transition metal oxide doping on the sinterability of CGO were 
outlined in section 4.2. In summary, the addition of either Co or Mn was shown to 
improve the densification kinetics of CGO, whilst the incorporation of Cr was 
shown to be detrimental. One way in which the active sintering mechanisms can be 
better understood is to examine the sintering activation energy as a function of 
relative density.  
 The apparent sintering activation energies were determined based on constant 
heating rate dilatometry performed at heating rates of 3, 5, 10, 20 and 30°C min-1. 
The relative linear shrinkage as a function of temperature (at the aforementioned 
heating rates) is shown in figure 4.15 for samples of CGO, 2CoCGO, 2CrCGO, 
2MnCGO and 2Co1CrCGO; identical scales have been chosen so that the data can 
be more readily compared. The linear shrinkage, for a given temperature, is shown 
to be higher at lower heating rates in all materials due to the longer transient times. 
The variation in heating rate is shown to be of greater influence in 2CoCGO and 
2MnCGO than in the undoped material. This is in agreement with the findings of 
Jud et al [15] for 1 cat% Co-doped CGO20. The relative linear shrinkage, at any 
given temperature, was converted into relative density assuming isotropic shrinkage 
(equation 4.1). The apparent sintering activation energy at any given density was 
then determined from the gradient of ln(dρ/dt) against 1/T. These results are 
shown in figure 4.16 for relative densities ranging from 65-85% for all of the 
materials studied. 
 A comparison of the plots reveals notable differences in the evolution of the 
apparent sintering activation energy for the different materials. A steady increase 
in apparent activation energy is noted for undoped CGO with density, whereas a 
decrease in apparent activation energy is observed for the Co-doped material across 
the same density range. These findings are in good agreement with those of        
Jud et al [15] who compared the apparent activation energy of CGO20 and    
CGO20 + 1 cat% Co using a combined-stage sintering model that assumed 
constant grain size. An increase from approximately 340-630 kJ mol-1 was reported 
for the undoped material whereas a decrease from approximately 530-430 kJ mol-1 
was reported for the doped material between relative densities of 65-85%. Values of 
the activation energy in the present study were found to increase from              
425-645 kJ mol-1 for CGO and decrease from 500-405 kJ mol-1 for 2CoCGO. The 
apparent sintering activation energy of 2CoCGO is significantly lower than that of 
the undoped material for relative densities greater than about 70%. 
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Figure 4.15.:  Shrinkage as a function of temperature at heating rates of 3, 5, 10, 
20 and 30°C min-1 for (a) CGO (b) 2CoCGO (c) 2CrCGO              
(d) 2MnCGO and (e) 2Co1CrCGO. 
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Figure 4.16.: Apparent sintering activation energy as a function of relative density 
determined from constant heating rate dilatometry. 
 
The activation energy evolution of the Mn-doped material is similar to that of 
2CoCGO, exhibiting a decrease with increasing relative density, although the 
magnitude of the activation energy change is less pronounced (557-540 kJ mol-1). A 
large increase in activation energy is observed for 2CrCGO, with values in excess of 
3000 kJ mol-1 recorded at higher relative densities. The magnitudes of these 
apparent activation energies are interesting since they highlight possible flaws made 
in the assumptions underlying their derivation; this is discussed in greater detail 
below. Higher apparent activation energy values are however expected for Cr-doped 
CGO due to the noticeable retardation of sintering kinetics observed in the 
dilatometry data (figure 4.08a). An overall higher apparent activation energy is 
also shown for 2Co1CrCGO across the entire relative density range in comparison 
to undoped CGO. This increase is most likely due to the effect of the Cr addition. 
There is however a gradual drop in the apparent energy values across the relative 
density range (825-750 kJ mol-1) as is seen for all beneficial sintering additives. 
 It is important to note that the activation energies determined in this study 
have been termed apparent, since any calculations based on dilatometry data 
require that the microstructure is only a function of the density, and this is not 
generally valid. For example, in the case of CGO20, Jud et al [15] concluded that 
surface diffusion would be the dominant transport pathway in early stage sintering.  
Relative Density 
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Surface diffusion is known to have a lower activation energy than grain boundary 
diffusion and is therefore likely to be preferred at lower temperatures. Surface 
diffusion leads to particle neck formation, but does not contribute towards 
densification as measured by dilatometry. It does however result in a reduction in 
the driving force for densification since there is a reduced total surface area. As a 
result, in this example, the densification rate at low temperatures would be slower 
than expected, leading to a higher apparent sintering activation energy. In the later 
stages of sintering, grain growth can have a distorting influence on the apparent 
activation energy for sintering if the activation energy for grain growth is different 
from that of the dominant sintering transport mechanism (e.g. grain boundary 
diffusion). Nevertheless, despite these uncertainties in the absolute values of the 
activation energy, it is clear that the Cr-doped materials (2CrCGO and 
2Cr1CoCGO) have a significantly increased activation energy for densification 
when compared to the other materials and although it cannot be stated 
unequivocally, it is believed that Co and Mn will probably increase the rate of 
grain boundary transport whilst Cr will decrease it.  
 
4.3.1. Microstructural Evolution as a Function of Temperature  
 
Measurements of the apparent sintering activation energy will not, on their own, 
provide sufficient information to determine the dominant sintering mechanisms. 
Another way in which information relating to these mechanisms can be elucidated 
is to compare the microstructure of the materials as a function of sintering 
temperature. Figure 4.17 shows TEM micrographs of CGO, 2CoCGO and 2CrCGO 
sintered to 932°C at heating rates of 10°C min-1. This sintering temperature was 
chosen so that neck development would still be observable in 2CoCGO and so that 
a density suitable for TEM sample lift-out would be achieved in 2CrCGO. The 
relative densities of the samples were measured by the Archimedes method as 
approximately 69%, 87% and 60% respectively. The figure indicates that neck 
formation had initiated in all three materials at 932°C. It is also clear that         
Co-doping increases the rate of grain growth in CGO, whilst Cr-doping appears to 
have little effect. Using the information available in figure 4.17, it is not however 
possible to further elucidate the changes in dominant sintering mechanism.    
 
4.4. Dopant Distribution as a Function of Density 
 
The sinterability of TMO-doped CGO can be better understood by examining 
changes in the grain boundary chemistry using TEM with elemental analysis. It 
should be recalled from chapter 2 that much of the work on this topic has so far 
focused on fully dense microstructures which do not provide direct information 
relating to how the TMOs may have influenced the densification process. 
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Figure 4.17.:  TEM micrographs of (a) CGO (b) 2CoCGO and (c) 2CrCGO 
sintered to 932°C (without dwell time) at 10°C min-1. The scale bars 
on the smaller images indicate 200 nm.  
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 This section shall discuss the evolution of the grain boundary chemistry as a 
function of relative density for samples of 2CoCGO and 2CrCGO using scanning 
transmission electron microscopy (STEM) with fully quantifiable energy-dispersive 
x-ray spectroscopy (EDX) mapping. Samples with relative densities of 70%, 80% 
and 90% were chosen for evaluation together with samples sintered to maximum 
density. The measured densities, as determined by the Archimedes method, are 
shown in table 4.8. For the purpose of consistency, the samples will be referred to 
by their intended densities. All relative densities were estimated from the 
dilatometry data presented in section 4.2. 
 
Table 4.8.:  Sintering conditions for samples of 2 cat% Co-doped and 2 cat%    
Cr-doped CGO at varying densities. Where no dwell time has been 
specified, the specimens were heated under constant heating rate 
conditions and allowed to cool slowly. 2CoCGO and 2CrCGO were 
sintered at heating rates of 5°C min-1 with all other samples sintered 
at heating rates of 10°C min-1.  
 
Material 
Intended 
Density 
(%) 
Density 
Attained 
(%) 
Sintering 
Temperature 
(°C) 
Dwell Time 
 
(min) 
2CoCGO70% 70 64.5 845 - 
2CoCGO80% 80 73.3 881 - 
2CoCGO90% 90 84.7 932 - 
2CoCGO 100 >99 1020 45 
2CrCGO70% 70 63.4 1030 - 
2CrCGO80% 80 72.4 1165 - 
2CrCGO90% 90 81.5 1256 - 
2CrCGO 100 95.1 1500 300 
 
4.4.1. Co-dopant Distribution as a Function of Density 
 
The location and concentration (normalised mass %) of the Co-oxide dopant at 
approximately 70% relative density (2CoCGO70%) is shown in figure 4.18. 
Noticeable Co enrichment is observed around the primary CGO crystallite grain 
boundaries and around the edges of pores (which is believed to be an artifact of the 
technique). This enrichment was found to be representative of 2CoCGO70%, as is 
illustrated in figure 4.20. All quantifications were performed in ESPIRIT [24] 
utilising first principle modeling of the Cliff-Lorimer factor.  
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Figure 4.18.: 2CoCGO at approximately 70% relative density (a) HAADF image 
indicating location of line scan (figure 4.19a and b) and                 
(b) Quantified Co concentration map (normalised mass %). 
 
 
 
 
 
 
 
 
 
 
 
Figure 4.19.: Quantified line profiles across a grain boundary region in 2CoCGO70% 
showing the concentrations of (a) Co and (b) Ce and Gd. All values 
are expressed in normalised mass %. 
(a) 
(b) 
(a) (b) 
10 nm 10 nm 
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 It is believed that upon initial doping, the Co-nitrate will be located on the 
surface of the particle agglomerates; this will then diffuse during calcination to 
form a Co oxide grain boundary film around the primary particle crystallites. 
Kleinlogel et al [16] observed a similar Co-rich grain boundary film (figure 2.16a) in 
1CoCGO20 when sintering was interrupted at 900°C after 10 minutes (at a relative 
density of ~70%). In that study, the Co-rich film was clearly located around the 
particle agglomerates as opposed to the primary crystallites. This is believed to 
result from there being no calcination stage, allowing for diffusion, prior to 
consolidation. Figure 4.19a shows a quantified Co line profile across the grain 
boundary region indicated by the green marker in figure 4.18a, where the length of 
the box indicates the integration width. At the grain boundary core, the Co 
concentration was measured as ~4 mass%; this decreases to a bulk concentration of 
~0.6 mass% after approximately 1 nm. This disparity is believed to result from the 
low solubility of Co within the CGO bulk [25]. 2CoCGO70% also exhibits both grain 
boundary Gd enrichment (+2.2 mass%) and Ce depletion (-6.1 mass%) with 
respect to the bulk composition, as is illustrated in figure 4.19b. The Gd 
enrichment is associated with a depletion region on either side of the boundary    
(~1 nm in width) before bulk stoichiometry is returned.   
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 4.20.:  Multiple grains of 2CoCGO70% (a) HAADF image (b) Quantified Co 
concentration map (normalised mass %).  
 
 Figure 4.21 depicts the Co distribution at approximately 80% relative density 
(2CoCGO80%). The Co oxide remains present around all grain boundaries as a 
continuous network, although the core dopant concentration has decreased to        
~3.5 mass% (figure 4.22a), 0.5 mass% less than that observed in 2CoCGO70%. This 
is most likely a response to enhanced diffusion resulting from the elevated sintering 
temperature and time; this is shown by the increased width of the grain boundary 
region (~4 nm). The bulk Co concentration is also shown to remain at ~0.6 mass%. 
20 nm 20 nm 
(a) (b) 
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Figure 4.21.: 2CoCGO at approximately 80% relative density (a) HAADF image 
indicating location of line scan (figure 4.22a and b) and                     
(b) Quantified Co concentration map (normalised mass %). 
 
 
 
 
 
 
 
 
 
 
 
Figure 4.22.: Quantified line profiles across a grain boundary region in 2CoCGO80% 
showing the concentrations of (a) Co and (b) Ce and Gd. All values 
are expressed in normalised mass %. 
10 nm 10 nm 
(a) (b) 
(a) 
(b) 
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Figure 4.23.: 2CoCGO at approximately 90% relative density (a) HAADF image 
indicating location of line scan (figure 4.24a and b) and                       
(b) Quantified Co concentration map (normalised mass %). 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 4.24.: Quantified line profiles across a grain boundary region in 2CoCGO90% 
showing the concentrations of (a) Co and (b) Ce and Gd. All values 
are expressed in normalised mass %. 
(a) (b) 
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 2CoCGO80% is similarly shown to exhibit both grain boundary Gd enrichment             
(+1.6 mass%) and Ce depletion (-3.4 mass%) with respect to the bulk composition, 
as is illustrated in figure 4.22b. These variations are not as pronounced as those 
reported for 2CoCGO70%, indicating the diffusion of Gd away from the grain 
boundary with increasing sintering temperature. The Gd enrichment is again 
associated with an observable depletion region either side of the boundary. The 
region of high Co concentration shown in figure 4.21b is believed to be an artefact 
of the technique resulting from the pore present at the bottom of figure 4.21a.  
 As the relative density approaches ~90% (2CoCGO90%), the Co concentration is 
shown to decrease without there being considerable change in the layer thickness               
(figure 4.23). Figure 4.24a indicates a grain boundary Co concentration of             
~2.5 mass% and a bulk concentration of ~0.6 mass% suggesting that the solubility 
of Co within CGO does not increase between ~850-930°C. This is in agreement 
with the findings of Lewis et al [26] who surmised, based on lattice parameter 
measurements, that the solubility limit of Co would be reached by ~800°C in 
2CoCGO. The material is once again shown to exhibit Gd boundary enrichment 
(+4.7 mass%) and Ce depletion (-6.4 mass%). 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 4.25.: 2CoCGO at >99% relative density (sintered at 1020°C for 45 m)      
(a) HAADF image (b) Corresponding Co concentration map          
(c) HAADF image from alternative bulk specimen (d) Corresponding 
Co concentration map showing grain boundary enrichment. 
90 nm 90 nm 
50 nm 50 nm 
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Figure 4.26.: Quantified line profiles across a grain boundary region in fully dense 
(>99% relative density) 2CoCGO showing the concentrations of      
(a) Co and (b) Ce and Gd. All values are expressed in normalised 
mass %. 
 
 
 
 
 
 
(a) 
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 After sintering to full density (1020°C for 45 minutes), newly formed 
precipitates, approximately 60 nm in diameter, were observed in the 2CoCGO 
microstructure (figure 4.25a and b). Quantified elemental mapping showed these 
precipitates to be both Co enriched (up to ~19 mass %) and Ce deficient 
throughout. Precipitate formation will result from grain boundary Co diffusion 
towards certain triple grain junctions; this has been shown to occur increasingly 
with sintering temperature and time [27]. Co-enrichment (+0.7 mass%) is still 
observable along all grain boundaries in the fully sintered microstructure              
(figures 4.25d and 4.26a). Since the thickness of the grain boundary layer has 
remained constant, it is assumed that all remaining Co is located in these 
precipitates. Similar grain boundary layers have previously been reported in fully 
dense 2CoCGO20 [15-16], however, the presence of a continuous Co network along 
all grain boundaries has not been observed before. Figures 4.25c and d illustrate 
the grain boundary Co-enrichment more clearly. Since this map was obtained from 
a different bulk specimen, there is evidence to suggest that these features are 
indeed characteristic of the material. Figure 4.26b again shows both grain boundary 
Gd enrichment (+2.1 mass%) and Ce depletion (-3.6 mass %).  
  
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 4.27.:  HAADF image of 2CoCGO sintered at 1020°C for 45 minutes 
overlaid with a quantified Co map. The circled precipitates (1-3) 
indicate the regions in which EELS measurements were performed. 
 
 Electron energy loss spectroscopy (EELS) measurements were performed 
(courtesy of Dr. Robert E. A. Williams at The Ohio State University, U.S.A.) on 
the precipitates observed in the 2CoCGO microstructure in order to determine the 
Co oxidation state. Figure 4.27 shows a high angle annular dark field (HAADF) 
image of 2CoCGO (sintered at 1020°C for 45 minutes) combined with a quantified 
200 nm 
1 
2 
3 
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Co map. The regions of high Co intensity are indicative of the Co-rich precipitates. 
EELS spectra were obtained both inside and immediately outside the three regions 
circled in the above figure. Figure 4.28 shows the EELS spectra obtained from the 
O-K edge and Co-L edges in region 1. All spectra were analysed using Digital 
Micrograph [28] with the background subtraction performed by the fit of a power 
law function to the pre-edge background. The spectra indicate that the Co 
concentration outside the precipitates is below the limit of detection of the 
technique (~0.5 atomic % [29]); this is in good agreement with the EDX mapping 
results. A comparison between the energy loss near edge spectroscopy (ELNES) 
features and those from standard literature spectra [30-31] reveal that the          
Co-precipitates are Co3O4-like in nature. These results, however, differ from those 
of Zhang et al [27], who concluded that the Co precipitates formed in 2CoCGO20 
were CoO-like in nature. It is likely that this disparity results from the              
air-quenched cooling method used by the authors, which might retain the high 
temperature periclase structure down to room temperature. Although no EELS 
measurements were obtained from the boundary regions, it is suspected that the 
Co-rich grain boundary film reported in 2CoCGO (figure 4.25d) will also be       
Co3O4-like in nature. This is based on the findings of Zhang et al who determined 
both the precipitates and grain boundary layer in quench-cooled 5CoCGO20 to be 
CoO-like in nature i.e. both being of the same valence state. 
  
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 4.28.: EELS analysis of 2CoCGO sintered at 1020°C for 45 minutes 
indicating the O-K edge and Co-L edges inside and immediately 
adjacent to a Co-rich precipitate. 
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4.4.1.1. Summary of Dopant Distribution in 2CoCGO 
 
The variation in grain boundary composition as a function of relative density is 
summarised in table 4.9. Each value is denoted as the difference between the 
measured grain boundary concentration and that of the bulk. The grain boundary 
Co concentration is shown to decrease with increasing density from approximately 
+3.4 mass% to +0.7 mass% above the bulk composition. This results from the 
diffusion of Co away from the grain boundary towards certain triple grain junctions 
with increasing density. Some lateral grain boundary diffusion was also observed 
between ~70-80% relative density. After sintering to 1020°C for 45 minutes,       
Co-rich precipitates were observed in the 2CoCGO microstructure. Upon analysis 
these precipitates were found to be Co3O4-like in nature, however it is assumed that 
above the Co oxide transition (reduction) temperature at ~900%, the Co oxide 
existed as CoO. Both Gd enrichment and Ce depletion were observed in each 
sample, however no trend in the compositional variation of these elements was 
observed with increasing density.  
 
Table 4.9.:  Variation in the grain boundary composition of 2CoCGO as a 
function of relative density. Each value is denoted as the 
approximate difference between the measured grain boundary 
concentration and that of the bulk. All errors given as 0.5 mass%. 
 
Material Co (mass%) Ce (mass%) Gd (mass%) 
2CoCGO70% +3.4 -6.1 +2.2 
2CoCGO80% +2.9 -3.4 +1.6 
2CoCGO90% +1.9 -6.4 +4.7 
2CoCGO +0.7 -3.6 +2.1 
 
 
4.4.2. Cr-dopant Distribution as a Function of Density 
 
The location and concentration of the Cr oxide dopant was similarly recorded as a 
function of relative density in 2CrCGO. Figure 4.29 shows both a representative 
HAADF image of the 2CrCGO70% microstructure and the corresponding quantified 
Cr map (normalised mass%). At this relative density, significant Cr enrichment is 
observed around all primary crystallite grain boundaries. Figure 4.30a and b show 
compositional line profiles taken across the grain boundary region highlighted in 
figure 4.29a. At the grain boundary core, the Cr concentration measured          
~5.9 mass%; this decreases to a bulk concentration of ~2.5 mass% after ~1 nm. 
2CrCGO70% also exhibits both Gd grain boundary enrichment (+3.5 mass%) and 
Ce depletion (-8.2 mass%) as was the case for 2CoCGO70%. The higher level of Ce 
depletion is a result of the enhanced Cr and Gd grain boundary enrichment. 
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Figure 4.29.: 2CrCGO at approximately 70% relative density (a) HAADF image 
indicating location of line scan (figure 4.30a and b) and                       
(b) Quantified Cr concentration map (normalised mass %). 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 4.30.: Quantified line profiles across a grain boundary region in 2CrCGO70% 
showing the concentrations of (a) Cr and (b) Ce and Gd. All values 
are expressed in normalised mass %. 
10 nm 
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8 nm 8 nm 
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Figure 4.31.: 2CrCGO at approximately 80% relative density (a) HAADF image 
indicating location of line scan (figure 4.32a and b) and                       
(b) Quantified Cr concentration map (normalised mass %). 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 4.32.: Quantified line profiles across a grain boundary region in 2CrCGO80% 
showing the concentrations of (a) Cr and (b) Ce and Gd. All values 
are expressed in normalised mass %. 
(a) 
(b) 
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Figure 4.33.: 2CrCGO at approximately 90% relative density (a) HAADF image 
indicating location of line scan (figure 4.34a and b) and                       
(b) Quantified Cr concentration map (normalised mass %). 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 4.34.: Quantified line profiles across a grain boundary region in 2CrCGO90% 
showing the concentrations of (a) Cr and (b) Ce and Gd. All values 
are expressed in normalised mass %. 
10 nm 10 nm 
(a) (b) 
(a) 
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    Chapter 4. Sintering Properties of TMO-doped Cerium Gadolinium Oxide 
 
 
131 
 
 The dopant distribution at approximately 80% relative density (2CrCGO80%) is 
shown in figure 4.31. The figure depicts a triple grain junction with Cr segregation 
remaining along all three grain boundaries, although at this density, the core 
dopant concentration has decreased to ~5.0 mass% without there being 
considerable change in the grain boundary thickness. It is suspected that this 
results from the segregation of Cr to certain triple grain junctions; however this is 
admittedly not visible in the figure. The discrepancy shown in the bulk Cr 
concentration on either side of the boundary (figure 4.32a) likely results from a 
difference in grain incline increasing the interaction volume of the near boundary 
region. The material once again shows both grain boundary Gd enrichment        
(+4.6 mass %) and Ce depletion (-7.8 mass%) compared to the bulk composition.   
 As the relative density approaches ~90% (figure 4.33), there is a significant drop 
in the grain boundary Cr concentration to ~3.0 mass% (+1.2 mass% above the 
bulk concentration). It is once again assumed that the Cr excess is situated at the 
triple grain junctions, although insufficient data was collected to have this verified. 
2CrCGO90% is also the first composition studied to show a decrease in bulk dopant 
concentration with increasing density. A possible explanation for this is discussed 
later in this section. Significant levels of grain boundary Gd enrichment (+7.9 
mass%) and Ce depletion (-10.0 mass%) are again noted compared to the bulk 
composition (see figure 4.34).    
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 4.35.: HAADF image of 2CrCGO sintered at 1500°C for 5 hours indicating 
the location of the line scan (figure 4.36a and b). 
 
 A maximum relative density of ~96% was achieved in 2CrCGO after sintering 
at 1500°C for 5 hours. Figure 4.35 shows a HAADF image of a grain boundary 
region in the material whilst figure 4.36 illustrates the corresponding compositional 
line scans. At this relative density, residual Cr enrichment (+0.3 mass%) is 
50 nm 
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observed across the grain boundary region, approximately 10 nm in width. The 
increased width of this boundary region is believed to result from the elevated 
temperature and time used for sintering. Due to the low level of Cr enrichment, a 
quantified Cr map has not been included in figure 4.35. It is interesting to note 
that the bulk Cr concentration has again decreased with increasing relative density, 
as was observed in 2CrCGO90%. The shoulder shown in figure 4.36a is believed to 
result from the apparent crack along the grain boundary in figure 4.35 and is not a 
development of the shoulder observed in figure 4.34a. The width of the grain 
boundary Gd enriched region (+4.7 mass%) and Ce depletion region (-7.5 mass%) 
also appear to have increased under these sintering conditions. 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 4.36.: Quantified line profiles across a grain boundary region in fully dense 
(>96% relative density) 2CrCGO showing the concentrations of      
(a) Cr and (b) Ce and Gd. All values are expressed in normalised 
mass %. 
 
 At lower magnifications, the formation of a second phase in the 2CrCGO 
microstructure also becomes apparent, as is illustrated in figure 4.37. This second 
phase exists as isolated grains ranging from approximately 200-400 nm in diameter. 
(a) 
(b) 
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This phase is shown to be both Gd and Cr enriched throughout (~50 and          
~20 mass% respectively). Figure 4.38 illustrates a compositional line profile taken 
across the encircled precipitate in figure 4.37b. The formation of a second phase has 
previously been reported in Cr-doped CGO. Zajac et al [21] used synchrotron x-ray 
powder diffraction (SXRD) to investigate the phase composition of 0.5-2 cat%      
Cr-doped CGO15 and reported the presence of a halite-type CrO phase, partially 
doped with Gd, with the approximate composition Gd0.1Cr0.9O1-. It was not 
however possible to re-evaluate this second phase by means of diffraction. 
  
 
 
 
 
 
 
 
 
 
 
 
 
 
 
(a) 
 
 
 
 
 
 
 
Figure 4.37.: 2CrCGO sintered to 1500°C for 5 hour (~96% relative density).      
(a) HAADF image (b) Combined quantified Ce+Cr map               
(c) Combined quantified Ce+Gd map (d) Quantified Cr 
concentration map. The circled region in figure b indicates the 
precipitate from which the line scan in figure 4.38 was taken. 
 
 Assuming the phase composition suggested in the literature (Gd0.1Cr0.9O1- [21]), 
it is proposed that at ~70% relative density, an enhancement in grain boundary Gd 
segregation (above that seen in undoped CGO [32-33]) will occur, providing the 
concentration of Gd necessary for the formation of this second phase. With 
800 nm 800 nm 
800 nm 800 nm 
(a) (b) 
(c) (d) 
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increasing sintering temperature and time, both Cr and Gd will diffuse along the 
grain boundary to the triple junction regions where second phase precipitates will 
nucleate (resulting in both a decreased grain boundary and bulk Cr concentration). 
Given the limited overall concentration of Cr within the system, grain boundary 
Gd excess will remain after the formation of this second phase, although it is 
possible that at elevated temperatures some Gd will diffuse back into the bulk. The 
microstructural evolution described above is in good agreement with the chemical 
analysis summarised in table 4.10. 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 4.38.: Quantified line profiles across a precipitate (figure 4.37b) in fully 
dense (>96% relative density) 2CrCGO showing the concentrations 
of Ce, Gd, O and Cr. All values are expressed in normalised mass %. 
 
 EELS measurements were again performed (courtesy of Dr. Robert E. A. 
Williams at The Ohio State University, U.S.A.) on the second phase precipitates 
observed in the 2CrCGO microstructure in order to determine the dopant 
oxidation state. Figure 4.39 shows the EELS spectra obtained inside and 
immediately outside the precipitate circled in figure 4.37b. The spectra again 
indicate that the dopant concentration outside the precipitate is below the 
techniques limit of detection. Unambiguous determination of the Cr valence state 
proved problematic due to similarities in the fine structures of several Cr oxides. 
Difficulties in distinguishing Cr3+ from Cr4+ using EELS has previously been 
reported [34]. A comparison of the ELNES features with those from standard 
literature spectra [35] did however reveal fine structures that were most similar to 
those of CrO2, suggesting the presence of Cr
4+ in the precipitates.     
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Figure 4.39.: EELS analysis of 2CrCGO sintered at 1500°C for 5 hours indicating 
the O-K edge and Cr-L edges inside and immediately adjacent to a 
Cr-rich precipitate. 
 
 
4.4.2.1. Summary of Dopant Distribution in 2CrCGO 
 
The variation in grain boundary composition as a function of relative density is 
summarised in table 4.10. Each value is denoted as the difference between the 
measured grain boundary concentration and that of the bulk. At relative densities 
greater than ~70%, the initial grain boundary Cr concentration was shown to 
decrease in a linear fashion, whereas the Gd concentration was shown to steadily 
increase until ~90% relative density. Above this density, a decrease in grain 
boundary Gd concentration was observed; however this drop was likely associated 
with additional diffusion resulting from the elevated sintering temperature and 
dwell time. No trend was observed in the Ce grain boundary concentration profiles. 
At ~96% relative density, the formation of a second phase, rich in both Gd and Cr, 
was observed in the 2CrCGO microstructure. EELS analysis suggested the presence 
of Cr4+ in these precipitates. Residual Cr enrichment was shown along several grain 
boundaries in the fully dense microstructure, however, a continuous network, such 
as that seen in 2CoCGO, was not observed.  
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Table 4.10.:  Variation in the grain boundary composition of 2CrCGO as a 
function of relative density. Each value is denoted as the 
approximate difference between the measured grain boundary 
concentration and that of the bulk. All errors given as 0.5 mass%. 
 
Material Cr (mass%) Ce (mass%) Gd (mass%) 
2CrCGO70% +3.4 -8.2 +3.5 
2CrCGO80% +2.6 -7.8 +4.6 
2CrCGO90% +1.2 -10 +7.9 
2CrCGO +0.3 -7.5 +4.7 
 
4.5. Mechanisms for Modified Sintering Behaviour 
 
Several mechanisms have previously been suggested to explain the modified 
sintering behaviour that results from transition metal oxide doping in CGO. In this 
section, a critical re-evaluation of these mechanisms shall be made, before modified 
theories are presented based on the experimental data provided above. 
 
4.5.1. Mechanisms for Improved Sintering Behaviour  
 
The introduction of certain transition metal oxides have previously been shown to 
improve the densification kinetics of CGO. Sections 4.2.1 and 4.2.3 clearly 
demonstrated the effectiveness of low concentration Co oxide and Mn oxide as 
sintering aids in CGO. Several mechanisms have been proposed to explain this 
modified sintering behaviour. Kleinlogel et al [16] originally postulated that Co 
oxide would form a grain boundary liquid film that would enhance densification via 
a liquid-phase sintering mechanism. Zhang et al [36], on the other hand, predicted 
the onset of an early stage viscous flow sintering mechanism in Fe-doped CeO2 that 
would enhance densification by increasing the particle contact area, leading to an 
increased diffusion flux; this theory was later expanded to include any TMO-doped 
ceria-base oxide. A review of the literature reveals that these mechanisms have 
been generally accepted by the community to explain the improved sintering 
behaviour, despite significant uncertainties remaining in the comprehension of both 
theories. 
 The onset of a liquid-phase assisted sintering mechanism in TMO-doped CGO is 
primarily based on two experimental observations. TEM studies performed by 
Kleinlogel et al [7, 16] revealed the presence of an amorphous, Co-rich grain 
boundary film in CGO20 after sintering to both 70% relative density (figure 2.16a) 
and full density. Dark-field TEM confirmed the amorphous nature of these grain 
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boundary films; however this, in itself, is insufficient to infer liquid phase sintering. 
Silica is known to be ubiquitous in ceria-based materials and would similarly 
appear illuminated in dark-field TEM. At higher temperatures, Si impurities will 
likely be mobile and diffuse to the grain boundary regions. No data relating to the 
concentration of impurities in the undoped CGO was provided by the authors. 
Figure 4.06 illustrated shrinkage as a function of temperature in 2CoCGO. The 
introduction of Co was shown to reduce the temperature range over which 
densification would occur. Kleinlogel et al previously suggested that a narrow 
sintering range was indicative of liquid phase sintering, although it could just as 
likely be an indication that the TMO requires an incubation period before it can 
influence solid state diffusion. The variation in the sintering range between these 
two studies is also worthy of note. Figure 4.06b showed a sintering range of ~200°C 
in 2CoCGO; whilst Kleinlogel et al reported that the sintering process would be 
complete within ~50°C in a material of similar morphology and composition. 
Although a clear reduction in the sintering range is observed in this study, the 
temperature range is too broad to associate with liquid phase sintering. Such a 
mechanism would also imply the presence of liquid Co-oxide at temperatures as low 
as 800°C; this being the temperature at which the shrinkage curve of 2CoCGO 
deviates from that of CGO. This is well below the eutectic temperature (~1645°C) 
reported in the CeO2-CoO system [37]. Ivas et al [38] recently modelled the      
nano-phase diagram of the CeO2-CoO system, given that decreasing particle size 
and film thickness have previously been shown to decrease the melting temperature 
in certain materials [39]. These computations showed that the eutectic temperature 
could indeed be reduced; however, this decrease is still insufficient to explain the 
presence of a liquid phase at ~800°C, even if the grain boundary composition does 
correspond to the eutectic composition.   
 The activation of an early-stage viscous flow sintering mechanism is an 
alternative theory used to explain the improved densification behaviour exhibited 
by certain TMO-doped CGO materials [36]. A viscous state sintering mechanism 
would enhance densification by increasing the particle contact area, resulting in 
greater diffusion. These calculations were originally performed on undoped and    
Fe-doped CeO2, although the authors believed that this theory could be extended 
to include other TMO-doped ceria-based oxides; no data was however presented in 
support of this statement. Lewis [40] later used the same approach to calculate the 
dominant early-stage sintering mechanism in Co-doped CGO with contradictory 
results, having measured a sintering exponent representative of volume diffusion. 
This raises uncertainties as to the validity of the original assumption made by 
Zhang et al. Viscous flow is normally used to describe the densification of glassy 
materials that lack grain boundaries. It is not usually associated with crystalline 
materials, as this would require dislocation generation and motion. Although 
viscous flow cannot be ruled out unequivocally, it is difficult to envisage how such 
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a small concentration of dopant could have such an effect on the bulk dislocation 
properties of CGO. 
 It is far more plausible that the improved densification kinetics exhibited by    
Co-doped and Mn-doped CGO are a response to enhancements in solid state 
diffusion resulting from an increased concentration and/or mobility of defects. It 
was previously mentioned (section 2.2.2) that CGO exhibits enhanced densification 
kinetics compared to CeO2. Aliovalent doping (e.g. Gd
3+ onto a Ce4+ site) will 
result in one of three compensation mechanisms for charge neutrality: vacancy 
compensation (equation 4.2), dopant interstitial compensation (equation 4.3) or Ce 
interstitial compensation (equation 4.4); 
 
 (4.2) 
 
(4.3) 
 
(4.4)  
  
Atomic simulations performed by Minervini et al [41] showed that vacancy 
compensation would be the most favourable solution mechanism in this system. In 
undoped CeO2, Chen et al [42] showed that a high concentration of oxygen 
vacancies could enhance the rate of cation diffusion by increasing the concentration 
of cation interstitials. Consider the following defect reactions for Schottky disorder 
(equation 4.5) and Frenkel disorder (equation 4.6); 
 
(4.5) 
 
(4.6) 
 
If the concentration of oxygen vacancies was to increase, then from the Schottky 
equilibrium, the concentration of Ce vacancies would decrease. By also considering 
the Frenkel equilibrium, then the concentration of Ce interstitials would increase. 
Assuming an interstitial mechanism for cation diffusion in CeO2 and without 
distinguishing between grain boundary and bulk diffusion, then; 
 
(4.7) 
 
A similar situation is envisaged to explain the improved sinterability shown in 
CGO where Gd3+ doping leads to an enhanced concentration of oxygen vacancies 
which will in turn enhance the concentration of Ce interstitials. This theory is 
extended once more to account for TMO doping in CGO.  
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 For the purpose of this discussion, Co oxide shall be used as an example; 
however the theory should be expanded to include Mn oxide, which also acts as a 
sintering aid in CGO. The densification behaviour of 2CoCGO (figure 4.06) showed 
that, when compared to the undoped material, the addition of Co oxide both 
lowered the sintering onset temperature and reduced the temperature range over 
which densification occurred. Upon doping, it is believed that Co will form a 
substitutional solid solution in CGO as Ce4+ is replaced by mixed valence 
Co3+/Co2+. This form of acceptor doping will similarly introduce oxygen vacancies 
for charge neutrality. When considering Co3+; 
 
(4.8) 
 
In accordance with equation 4.7, an increase in the oxygen vacancy concentration 
will increase the concentration of Ce interstitials, resulting in enhanced diffusion. 
This may explain the lower sintering onset temperature observed in 2CoCGO. It 
does not however explain the rapid increase in densification rate observed at higher 
temperatures. Co oxide is known to undergo a phase transformation at ~900°C 
from a spinel structure (Co3O4) to a periclase structure (CoO) [43]. This phase 
transition is accompanied by Co reduction (Co3+/2+ to Co2+) and the formation of 
further oxygen vacancies for charge neutrality;  
 
(4.9) 
 
This increase in the oxygen vacancy concentration (leading to a greater 
concentration of Ce interstitials) is thought to be the mechanism responsible for 
the enhanced sinterability of CGO. Similar opinions have been expressed elsewhere 
in the literature [27, 44]. The Co3+ to Co2+ transition temperature in pure Co   
oxide [40] is shown to closely correspond to Tmax in 2CoCGO (figure 4.06b) whilst 
differential thermal/thermo-gravimetric analysis (DTA/TG) of 5CoCGO performed 
by Jud et al [44] indicated a Co reduction temperature of 935°C within the 
material. A similar reduction process is also known to occur in pure Mn oxide 
(Mn2O3 to Mn3O4) at ~900°C [45], which again corresponds approximately to the 
values determined for Tmax in several Mn-doped CGO compositions.  
 Whether an increase in Ce interstitials will actually increase Ce diffusion and 
enhance densification will depend on the relative concentrations and mobilities of 
the Ce interstitials compared to Ce vacancies. Such information is not currently 
available in the literature for CGO; however limited data is available for CeO2. 
Zacherle et al [46] very recently modelled the formation energies of all point defects 
using density functional theory. Under so-called ‘oxygen-rich’ and ‘oxygen-poor’ 
environments, the formation energy of a Ce interstitial was calculated as 5.06 eV 
and 0.58 eV respectively, whilst the energy of formation for a Ce vacancy was 
   '
3 4 Ce O O
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calculated as 7.39 eV and 11.87 eV respectively. This infers that cerium interstitials 
will more likely be created in CeO2 and will therefore represent a larger fraction of 
the cation defects. No information regarding the cation mobility could however be 
located in the literature. Thus far, the incorporation of Gd3+ has only been 
considered as a way of introducing oxygen vacancies into CeO2. This theory 
assumes that the enhanced sinterability of TMO-doped CGO depends 
predominantly on Ce diffusion due to its significantly larger mole fraction and 
higher valence state.  
 Another point to consider, is whether sufficient oxygen vacancies (and hence 
cerium interstitials) will be formed to effectively promote densification given the 
low concentration of dopant in these materials. For every Co3+ ion, only two 
oxygen vacancies will be created, assuming Ce4+ substitution and cobalt reduction 
above ~900°C. Given that the EDX maps presented in section 4.1.1 for 2CoCGO 
showed significant grain boundary Co-enrichment at lower relative densities and 
considering that only atoms/defects within a few nanometres of the grain boundary 
interface will be active in densification, it is fair to assume that the grain boundary 
composition will not be representative of the bulk. It is therefore possible that 
sufficient cerium interstitials will exist at the grain boundaries to enhance 
densification.      
 
4.5.2. Mechanisms for Inhibited Sinterability Caused by Cr-doping 
 
The addition of low concentration Cr oxide was previously shown in section 4.2.2 
to have an inhibiting effect on the sinterability of CGO. Cr appears to be the only 
TMO studied that has not proved beneficial to the densification kinetics of the 
material. It is therefore surprising that such an anomaly has not raised more 
interest in the literature. The only study published on the effects of Cr-doping was 
undertaken by Zajac et al [21] using CGO15. Based on dilatometric measurements, 
the authors reported that low concentration (0.5-2 cat%) Cr doping had no 
detrimental effects on the shrinkage rate of CGO and only resulted in a slight shift 
in Tmax. These results are in contrast to those obtained in this study (figure 4.08) at 
concentrations greater than 0.1 cat% Cr. Given the similar preparation methods 
used, it can only be assumed that these differences result from insufficient nitrate 
mixing on their part. Non-uniform dopant distribution will result in an uneven 
grain boundary coverage, which may be representative of a much lower Cr 
concentration in most of the specimen (i.e. 2 cat% Cr-doped CGO15 may equate to 
<0.1 mol% Cr-doped CGO).  
 The variation in grain boundary composition as a function of relative density in 
2CrCGO was summarised in table 4.10. At all relative densities, the grain 
boundary Gd concentration was significantly higher than that seen in 2CoCGO. 
Grain boundary Gd enrichment is known to cause a solute drag effect in         
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CGO [2, 47], resulting in suppressed grain growth compared to undoped CeO2. To 
examine whether this segregation was somehow also responsible for the retarded 
sintering kinetics, dilatometry was performed on undoped CeO2 and 2 cat%        
Cr-doped CeO2 (2CrCeO2) i.e. with no Gd. Figure 4.40 shows the variation in 
shrinkage for these materials as a function of temperature. The shrinkage curves of 
CGO and 2CrCGO have also been included for comparison. 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 4.40.: Shrinkage as a function of temperature for undoped CeO2 and       
Cr-doped (2 cat%) CeO2. The shrinkage curves of CGO and 
2CrCGO have been included for reference. All data collected at 
heating rates of 10°C min-1. 
 
 With reference to the figure, the addition of Cr oxide is shown to inhibit the 
sinterability of CeO2 in a similar manner to that of Cr-doping in CGO. If one 
assumes that CeO2 and CGO densify via the same mechanism, then it can be 
concluded that the enhanced Gd segregation shown in Cr-doped CGO does not 
influence the sinterability of the material and that the Cr itself is responsible for 
the retarded sintering kinetics.  
 Figure 4.17 compared the microstructures of CGO and 2CrCGO sintered under 
identical conditions to 932°C. The micrographs reveal that Cr does not suppress 
grain growth in the material, despite clear evidence that it suppresses the 
sinterability (figure 4.08). This suggests that migration is only inhibited parallel to 
the grain boundary. Such an effect is uncommon, as modified diffusion pathways 
will usually act both parallel and perpendicular to the grain boundary. For example, 
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the improved densification kinetics of Co-doped CGO will result in both enhanced 
sinterability and greater grain growth [19]. This is not however always the case; 
comparative studies on 3YSZ and 8YSZ [48] have shown that 8YSZ requires a 
higher sintering temperature (resulting from slower diffusion parallel to the grain 
boundary) and exhibits an enhanced rate of grain growth (resulting from faster 
diffusion perpendicular to the grain boundary) compared to 3YSZ.  
 The EDX analysis presented in section 4.4.2 revealed significant grain boundary 
Cr enrichment at ~70% relative density. This was shown to decrease at higher 
temperatures due to the formation of the Cr-rich second phase (figure 4.37). It is 
postulated that at lower relative densities, the Cr either creates a blocking effect 
that inhibits the normal sintering transport mechanisms in CGO or reduces the 
surface energy of the material, which is the driving force for densification. As the 
relative density increases, the Cr will diffuse along the grain boundary towards the 
triple grain junctions, leaving the boundary increasingly clear of dopant. The 
inhibiting effects of the Cr at lower densities will result in increased grain boundary 
porosity compared to the undoped material. Since Cr is believed to only affect 
transportation parallel to the boundary, grain growth will continue at the same 
rate experienced by undoped CGO. At higher densities, the Cr segregation is 
negligible and sintering should continue unhindered, however grain growth within 
the material has by now resulted in dispersed porosity that will prevent full density 
from being achieved, even at high temperatures.   
  
4.6. Summary and Conclusions 
 
In this chapter, the effects of low concentration TMO dopants (Co, Mn and Cr) 
have been examined in terms of their influence on the densification kinetics of CGO. 
The addition of Co oxide as a sintering additive has previously received much 
attention in the literature. This study verified those findings using an example 
concentration of 2 cat% Co (2CoCGO). The addition of Co was found to 
dramatically improve the densification kinetics, reducing the required sintering 
temperature of nano-crystalline CGO by over 220°C. These effects were found to be 
more prominent in lower surface area powders, presumably due to a better dopant 
distribution. Although Co-doping has been shown to increase grain growth in CGO, 
the lower sintering temperatures used will result in a microstructure with a finer 
grain size. The addition of low concentration (0.1-4 cat%) Mn oxide was similarly 
examined, with all compositions shown to reduce the required sintering 
temperature and increase the densification rate. The addition of Mn was however 
found to produce less favourable green packing geometries leading to a lengthened 
initial sintering stage. The addition of Cr oxide at concentrations greater than     
0.1 cat% were found to be detrimental to the sintering kinetics of CGO, with 
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sintering temperatures of 1500°C required to attain relative densities greater than 
96% in all samples. The inhibiting effects of the Cr became more pronounced with 
increasing dopant concentration, as was seen by the smaller grain size and 
increased porosity for the same sintering conditions. The effects of multiple TMO-
doping in CGO were also examined using a combination of 2 cat% Co + 1 cat% Cr. 
The inhibiting effects of Cr-doping were shown to be largely nullified by the 
presence of Co. These results are summarised in the form of a bar graph in            
figure 4.41. It should however be noted, that due to the longer initial sintering 
stage in Mn-doped CGO, the improved densification kinetics of the material are 
not apparent at 80% relative density.    
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 4.41.: The effect of transition metal oxide doping on the sinterability of 
CGO. The results are summarised by the temperature required to 
reach 80% relative density in constant heating rate dilatometry at 
10°C min-1. 
 
 Grain boundary dislocation loops were also observed in all but the 2CoCGO 
microstructure, presumably resulting from stresses induced by Gd enrichment or 
the sintering pressure. TEM observations on the microstructures of CGO, 2CoCGO 
and 2CrCGO revealed that when sintered under identical conditions, Co enhanced 
the rate of grain boundary transport, whereas Cr was observed to have little effect. 
These results are in good agreement with measurements made of the apparent 
sintering activation energies.  
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 The location and concentration of the dopants in 2CoCGO and 2CrCGO were 
investigated as a function of relative density using STEM imaging with quantifiable 
EDX mapping. With increasing density, the concentration of Co at the grain 
boundary was found to decrease. This corresponded to the formation of Co-rich 
precipitates at the triple grain junctions. EELS analysis of these precipitates after 
slow cooling (5°C min-1) revealed these precipitates to be Co3O4 like in nature, 
however Co reduction above 900°C is known to occur, and its presence has been 
seen elsewhere in quench-cooled specimens. Grain boundary Gd enrichment and Ce 
depletion was also observed at all densities, however no trend in the compositional 
variation was noted with increasing density. EDX mapping of the 2CrCGO sample 
revealed similar results, with the concentration of Cr at the grain boundary shown 
to decrease with increasing density. At high relative densities, the formation of a 
second phase, rich in Cr and Gd, was also observed. During sintering it is 
speculated that both Cr and Gd will diffuse along the grain boundary to the triple 
junctions where this second phase will nucleate. EELS analysis indicated the 
presence of Cr4+ within these precipitates. 
 Finally, a critical re-evaluation of the suspected sintering mechanisms was given, 
with evidence to suggest that neither a liquid phase nor an early stage viscous flow 
sintering mechanism were operative. Instead, a modified theory was presented to 
explain the improved densification behaviour observed in Co-doped and Mn-doped 
CGO based on enhanced solid-state diffusion. The improved densification kinetics 
are believed to result from an enhanced Ce interstitial concentration that forms as 
a consequence of TMO reduction above ~900°C. The inhibited sintering kinetics 
observed in Cr-doped CGO could also be related to changes in the defect chemistry. 
It was proposed that Cr creates a blocking effect at relatively low densities that 
hinders the dominant pathway for cation diffusion, resulting in enhanced porosity. 
Given that the rate of transport perpendicular to the grain boundary remains 
unaffected, grain growth will occur, resulting in isolated porosity that cannot be 
removed even at high sintering temperatures.  
 
4.7. Chapter References 
 
  [1]  B. C. H. Steele, Solid State Ionics, vol. 134, no. 1-2, pp. 3-20, 2000. 
 
  [2]  H. Inaba, T. Nakajima and H. Tagawa, Solid State Ionics, vol. 106, no. 3-4,                   
pp. 263-268, 1998.  
 
  [3] T. S. Zhang, L. B. Kong, Z. Q. Zeng, H. T. Huang, P. Hing, Z. T. Xia, and J. Kilner, 
Journal of Solid State Electrochemistry, vol. 7, no. 6, pp. 348-354, 2003.  
 
[4] C. M. Kleinlogel and L. J. Gauckler, Journal of Electroceramics, vol. 5, no. 3,           
pp. 231-243, 2000.  
    Chapter 4. Sintering Properties of TMO-doped Cerium Gadolinium Oxide 
 
 
145 
 
[5] D. P. Fagg, J. C. C. Abrantes, D. Perez-Coll, P. Nunez, V. V. Kharton, and                  
J. R. Frade, Electrochimica Acta, vol. 48, no. 8, pp. 1023-1029, 2003.  
 
[6] J. I. Langford and A. J. C. Wilson, Journal of Applied Crystallography, vol. 11,         
pp. 102-113, 1978.  
 
[7] C. Kleinlogel and L. J. Gauckler, Solid State Ionics, vol. 135, no. 1-4, pp. 567-573, 2000.  
 
[8] TOPAS v. 4.1, Bruker AXS Inc., Madison, Wisconsin, USA, 2008. 
 
[9] T. Mahata, G. Das, R. K. Mishra, and B. P. Sharma, Journal of Alloys and Compounds, 
vol. 391, no. 1–2, pp. 129-135, 2005.  
 
 [10]  A. J. Jasper, "TEM Studies of Interfaces in Fuel Cell Materials", PhD thesis, Imperial  
 College London, 2010. 
 
 [11] J. D. Nicholas and L. C. De Jonghe, Solid State Ionics, vol. 178, no. 19-20,                    
pp. 1187-1194, 2007.  
 
 [12] T. S. Zhang, J. Ma, S. H. Chan, P. Hing, and J. A. Kilner, Solid State Sciences, vol. 6, 
no. 6, pp. 565-572, 2004 
 
 [13] B. C. H. Steele, Solid State Ionics, vol. 129, no. 1-4, pp. 95-110, 2000.  
 
 [14] E. Jud and L. J. Gauckler, Journal of Electroceramics, vol. 14, no. 3, pp. 247-253, 2005.  
 
 [15] E. Jud, C. B. Huwiler, and L. J. Gauckler, Journal of the American Ceramic Society, 
vol. 88, no. 11, pp. 3013-3019, 2005.  
 
 [16] C. Kleinlogel and L. J. Gauckler, Advanced Materials, vol. 13, no. 14, pp. 1081-1085, 
2001.  
 
 [17] E. Jud, Z. Zhang, W. Sigle, and L. J. Gauckler, Journal of Electroceramics, vol. 16,     
no. 3, pp. 191-197, 2006.  
 
 [18] M. I. Mendelson, Journal of the American Ceramic Society, vol. 52, no. 8, pp. 443-446, 
1969.  
 
 [19] E. Jud, C. B. Huwiler, and L. J. Gauckler, Journal of the Ceramic Society of Japan, 
vol. 114, no. 11, pp. 963-969, 2006.  
 
 [20] Y. Kezuka, E. Tochigi, N. Shibata, and Y. Ikuhara, Journal of the Ceramic Society of 
Japan, vol. 119, no. 1395, pp. 817-821, 2011.  
 
 [21] W. Zajac, L. Suescun, K. Swierczek, and J. Molenda, Journal of Power Sources,        
vol. 194, no. 1, pp. 2-9, 2009.  
 
 [22] D. Caplan and M. Cohen, Journal of the Electrochemical Society, vol. 108, no. 5,      
pp. 438-442, 1961.  
 
 [23] C. Kleinlogel and L. J. Gauckler, Electrochemical Society Proceedings, vol. 99-19,      
pp. 225-232, 1999.  
 
Chapter 4. Sintering Properties of TMO-doped Cerium Gadolinium Oxide 
 
 
146 
 
 [24] Espirit QUANTAX SuperX v. 1.9, Bruker Nano GmbH, Berlin, Germany, 2002. 
 
 [25] J. D. Sirman, D. Waller, and J. A. Kilner, Electrochemical Society Proceedings,        
vol. 97-18, pp. 1159-1168, 1997. 
 
 [26] G. S. Lewis, A. Atkinson, B. C. H. Steele, and J. Drennan, Solid State Ionics,                   
vol. 152-153, pp. 567-573, 2002.  
 
 [27] Z. L. Zhang, S. A. Wilfried, M. Ruhle, E. Jud, and L. J. Gauckler, Acta Materialia,     
vol. 55, no. 8, pp. 2907-2917, 2007.  
 
 [28] Digital Micrograph v. 3.6.0, Gatan Inc., Pleasanton, California, U.S.A., 1999. 
 
 [29] H. J. Avila-Paredes and S. Kim, Solid State Ionics, vol. 177, no. 35-36, pp. 3075-3080, 
2006.  
 
 [30] Z. Zhang, Ultramicroscopy, vol. 107, no. 8, pp. 598-603, 2007.  
 
 [31] Y. Zhao, T. E. Feltes, J. R. Regalbuto, R. J. Meyer, and R. F. Klie, Journal of Applied 
Physics, vol. 108, no. 6, p. 063704, 2010.  
 
 [32] Y. Lei, Y. Ito, N. D. Browning, and T. J. Mazanec, Journal of the American Ceramic 
Society, vol. 85, no. 9, pp. 2359-2363, 2002.  
 
 [33] P. J. Scanlon, R. A. M. Bink, F. P. F. van Berkel, G. M. Christie, L. J. van Ijzendoorn, 
H. H. Brongersma, and R. G. Van Welzenis, Solid State Ionics, vol. 112 no. 1-2,         
pp. 123-30, 1998.  
 
 [34] T. L. Daulton and B. J. Little, Ultramicroscopy, vol. 106, no. 7, pp. 561-573, 2006.  
 
 [35] S. Suzuki and M. Tomita, Japanese Journal of Applied Physics, vol. 36, pp. 4341-4345, 
1997.  
 
 [36] T. Zhang, P. Hing, H. Huang, and J. Kilner, Journal of Materials Science, vol. 37,      
no. 5, pp. 997-1003, 2002.  
 
 [37] M. Chen, B. Hallstedt, A. N. Grundy, and L. J. Gauckler, Journal of the American 
Ceramic Society, vol. 86, no. 9, pp. 1567-1570, 2003.  
 
 [38] T. Ivas, A. N. Grundy, E. Povoden-Karadeniz, and L. J. Gauckler, Calphad, vol. 36,     
pp. 57-64, 2012.  
 
 [39] R. W. Cahn, Nature, vol. 323, no. 6090, pp. 668-669, 1986.  
 
 [40] G. S. Lewis, "Low Temperature Sintering of Solid Oxide Fuel Cell Electrolytes", PhD 
thesis, University of London, 2002. 
 
 [41] L. Minervini, M. O. Zacate, and R. W. Grimes, Solid State Ionics, vol. 116, no. 3–4,    
pp. 339-349, 1999.  
 
 [42] P.-L. Chen and I. W. Chen, Journal of the American Ceramic Society, vol. 77, no. 9, 
pp. 2289-2297, 1994.  
    Chapter 4. Sintering Properties of TMO-doped Cerium Gadolinium Oxide 
 
 
147 
 
 [43] K. Mocala, A. Navrotsky, and D. M. Sherman, Physics and Chemistry of Minerals,     
vol. 19, no. 2, pp. 88-95, 1992.  
 
 [44] E. Jud and L. J. Gauckler, Journal of Electroceramics, vol. 15, no. 2, pp. 159-166, 2005.  
 
 [45] E. R. Stobbe, B. A. de Boer, and J. W. Geus, Catalysis Today, vol. 47, no. 1–4,        
pp. 161-167, 1999.  
 
 [46] T. Zacherle, A. Schriever, R. A. De Souza, and M. Martin, Physical Review B, vol. 87, 
no. 13, p. 134104, 2013.  
 
 [47] P.-L. Chen and I. W. Chen, Journal of the American Ceramic Society, vol. 79, no. 7, 
pp.  1793-1800, 1996.  
 
 [48] X. Wang, J.-S. Kim, and A. Atkinson, Journal of the European Ceramic Society,       
vol. 32, no. 16, pp. 4121-4128, 2012.  
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Chapter 4. Sintering Properties of TMO-doped Cerium Gadolinium Oxide 
 
 
148 
 
 
149 
 
 
  
 
  
  
5. Electrical Properties of TMO-doped 
Cerium Gadolinium Oxide 
 
The primary motive for studying the effects of TMO doping in CGO has been to 
improve the densification kinetics of the material. It can however be argued that 
the most important characteristic of a SOFC electrolyte is its ability to effectively 
transport oxygen ions through the lattice with negligible electronic conductivity. 
The influence of low concentration Co, Cr and Mn oxide on the densification 
kinetics of CGO were highlighted in Chapter 4; however, much uncertainty remains 
as to the effects these dopants have on the electrical conductivity. In the case of 
Co-doping, slight increases in the grain boundary contribution to the total 
conductivity have often been cited, however reports vary as to whether these 
enhancements are ionic [1-2] or electronic [3] in nature. In order to gain a better 
understanding of the modified conductivity caused by TMO doping, a more in-
depth study of the electrical properties of these materials is required. Variable 
valance sintering aids and nano-sized grains have both been shown to increase the 
electronic charge carrier concentration in CGO [4-5]. This contribution cannot be 
distinguished from the total conductivity alone using measurements made under air, 
whilst measurements of the total conductivity as a function of oxygen partial 
pressure are also deemed unsuitable for measuring minority charge carrier 
concentrations in materials that are predominantly ionic.  
 
This chapter shall discuss the effects of the aforementioned transition metal oxide 
dopants, singly and in combination, on the electrical behaviour of CGO. The 
electrical conductivity of the materials was firstly examined by means of 
electrochemical impedance spectroscopy so that both the bulk and grain boundary 
contributions to the total conductivity could be assessed. Hebb-Wagner 
polarisation measurements were subsequently performed in order to separate the 
electronic contributions from the total conductivity. Further quantifiable STEM 
imaging was used to analyse the fully dense microstructures, before a critical 
evaluation of the existing literature was made and the mechanisms responsible for 
the modified electrical behaviour were reassessed.  
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5.1. Electrochemical Impedance Spectroscopy 
 
Electrochemical impedance spectroscopy (EIS) is a useful tool for characterising the 
electrical properties of polycrystalline ceramics. Impedance is often described as 
being analogous to resistance in a direct current (DC) circuit; however it also 
incorporates the phase difference between the voltage and current. A brief 
introduction to EIS is presented below, but the interested reader is referred to [6] 
and [7] for further detail.   
 
5.1.1. Theoretical Considerations 
  
When a sinusoidal signal is applied across a sample with angular frequency , the 
resulting current, I, (equation 5.1) will differ from the voltage, V, (equation 5.2) by 
a certain phase angle, . This phase difference will be 0°, -90° or 90° for purely 
resistive, capacitive or inductive behaviour respectively.  
 
(5.1) 
 
(5.2) 
 
 The impedance of a sample, Z, (where Z = V/I) is frequency dependent and can 
be expressed in complex number form as; 
   
(5.3)  
 
where 0 0 0/Z V I and V0 and I0 are the amplitudes of the voltage and current 
respectively. Alternatively, using Euler’s relationship, equation 5.3 can be expressed 
such that; 
   
(5.4) 
 
where the real complex impedance 0' cosZ Z  and the imaginary complex 
impedance 0'' sin .Z Z  The contributions made by the lattice and grain 
boundaries to the total impedance can be separated as a function of frequency due 
to the differing rates at which the relaxation of charged species occurs (the 
characteristic relaxation time, ). Each contribution to the measured impedance 
can be characterised by a resistive and capacitive component (an RC element) 
placed in parallel that can be modelled by fitting electrically equivalent circuit 
components to a Nyquist plot (figure 5.01). A Nyquist plot presents the data in the 
form of imaginary, '',Z (capacitive) against real, ',Z (resistive) impedances. The 
characteristic relaxation time of each parallel RC element is given by the product 
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of the resistance and capacitance (i.e.  = RC). The resistance of a component 
corresponds to the intercept of an arc on the real axis, whilst the capacitance can 
be measured by separating the RC element through determining the peak 
frequency/frequency of maximum loss, max;  
 
(5.5)    
  
 The components of the equivalent circuit can be assigned to an appropriate 
process by consideration of their capacitances. Typical capacitance values for a 
range of phenomena, as summarised by Irvine et al [6], are given in table 5.1. 
 
Table 5.1.:  Typical capacitance values for bulk, grain boundary and electrode 
processes. Data adapted from [6]. 
 
Capacitance (F) Phenomenon Responsible 
10-12 Bulk 
10-11 - 10-8 Grain Boundary 
10-7 - 10-5 Electrode 
 
 Figure 5.01 illustrates an idealised Nyquist plot, where the three semi-circular 
arcs correspond to the impedance contributions made by the bulk, grain boundary 
and electrode respectively. However, in many experimentally derived cases, the arcs 
deviate from this idealised geometry. In order to obtain well defined arcs that cross 
the abscissa, time constants that differ by at least three orders of magnitude are 
required [8]. Sample inhomogeneities, leading to a distribution of time constants, 
can also result in depression of the arcs below the real axis [7]. In such cases, the 
process is better represented by a resistor in parallel with a theoretical component, 
known as a constant phase element (CPE). 
  
(5.6) 
 
 (5.7) 
 
The impedance of a CPE can be calculated from equation 5.6, where Q is the 
pseudo-capacitance, which is related to the true capacitance, C, by equation 5.7. 
The exponent, n, ranges from 0 to 1, where n = 0 describes the behaviour of an 
ideal resistor and n = 1 describes the behaviour of an ideal capacitor [8]. These 
parameters can all be determined by nonlinear least-squares fitting of the measured 
impedance spectra [9]. Figure 5.02 shows an example of a typical impedance 
max
1
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spectrum obtained at 160°C from a sample of undoped CGO. The figure indicates 
well defined arcs corresponding to both the bulk and grain boundary processes, 
however only a partial response to the electrode processes, owing to the limited 
frequency range used. Also shown, is the fitted equivalent circuit model (fitted 
using ZView [10]), where a more satisfactory fit was achieved by replacing the 
capacitors with CPEs in the RC elements.  
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 5.01.: Schematic of an idealised Nyquist plot corresponding to the real 
(resistive, R) and imaginary (capacitive, C) contributions made by 
the bulk, grain boundary and electrode. The idealised equivalent 
circuit components for each impedance arc are shown inset. 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 5.02.:  Impedance spectrum and equivalent circuit fitting for undoped CGO 
at 160°C. The corresponding equivalent circuit model is shown inset. 
Rbulk 
CPEbulk CPEgb 
Rgb 
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5.1.2. Total Conductivity of undoped CGO 
 
Electrochemical impedance spectroscopy enables both the bulk and grain boundary 
contributions to the total conductivity to be measured separately depending on the 
temperature of operation. Between ~150-300°C, two arcs are typically observed for 
CGO (not including the electrode response), with capacitances corresponding to 
both bulk and grain boundary processes [6], whereas at temperatures above ~550°C, 
the Nyquist plots only show frequency dependence due to the electrode impedance. 
Between these temperatures, one arc is typically observed, with a capacitance value 
corresponding to a grain boundary process; the intercept of this arc with the real 
axis at lower frequencies is assumed to be the overall impedance of the electrolyte. 
 Figure 5.03 compares the bulk and grain boundary conductivities of CGOLSA 
and CGOHSA (as were characterised in section 4.1). Both materials exhibit similar 
bulk behaviour due to the near-identical composition of the powders. It should 
however be noted that the grain boundary conductivities, as indicated by the filled 
and open circles, represent the specific grain boundary conductivities of the 
materials. The specific grain boundary conductivity, gb*, is used to normalise first 
order grain boundary effects, such as impurity distribution, by accounting for 
variations in grain size; this can be estimated from equation 5.8 [11];    
  
(5.8) 
 
where Cbulk and Cgb are the bulk and apparent grain boundary capacitances and gb 
is the apparent grain boundary conductivity defined as 1/Rgb · l/A, where Rgb is the 
grain boundary resistance, l is the sample thickness and A is the sample cross-
sectional area. The specific grain boundary conductivity can also be related to the 
microstructure of the material by equation 5.9 [12], where gb is the grain boundary 
thickness and D is the average grain size. 
 
 (5.9) 
 
It is important to note that equations 5.8-5.9 are only strictly true if the grains are 
assumed to be cubes and both the bulk and grain boundary relative permittivities 
(bulk and gb) are equal. However, since the dielectric constants do not vary 
significantly compared to the resistivities, it is reasonable to make the assumption 
that bulk  gb [7]. In the present study, gb* has been estimated using a ratio of the 
capacitance values (equation 5.8) due to uncertainties that exist in measuring gb 
which relate to determining the width of the space-charge layer (see section 2.1.3). 
Electronically speaking, the space-charge layer is considered part of the grain 
boundary and is therefore included in measurements of gb, although structurally, it 
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cannot be differentiated from the bulk [13]. Figure 5.03 shows little difference 
between the specific grain boundary conductivities of CGOHSA and CGOLSA, 
although notable differences are observed in the apparent grain boundary 
conductivities (represented by the solid and dashed lines respectively). CGOHSA, 
which has a smaller mean grain size than CGOLSA    (843 nm compared to 982 nm), 
exhibits the higher apparent grain boundary conductivity. 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 5.03.: Conductivity as a function of temperature for CGOHSA and CGOLSA. 
The solid and dashed lines (linearly extrapolated over the examined 
temperature range) represent the apparent grain boundary 
conductivities of CGOHSA and CGOLSA respectively.  
 
Similar observations were reported by Christie et al [14], who measured the 
apparent and specific grain boundary conductivity of CGO20 as a function of grain 
size. For average grain sizes up to 3 m, increased grain growth resulted in a drop 
in apparent grain boundary conductivity (see figure 2.09). The authors similarly 
reported approximately constant values for gb* in samples exhibiting higher rates 
of grain growth. Decreasing grain size has previously been shown to increase the 
electronic charge carrier concentration in CGO, however this has only been 
reported for very low Gd concentrations or undoped ceria [5]. The enhanced 
apparent grain boundary conductivity could therefore, instead, be associated with 
grain-size-dependent impurity segregation, wherein an increased grain boundary 
area will result in more dilute grain boundary impurity coverage [15].    
The specific grain boundary conductivities of CGOHSA and CGOLSA are shown to 
be approximately three orders of magnitude lower than their corresponding bulk 
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conductivities across the measured temperature range. In lower purity materials, 
this decrease has been attributed to the formation of impurity-rich amorphous films 
that act as insulating layers across grain boundaries [16]. However, in higher purity 
materials, where no evidence of a second phase is present, this blocking effect is 
normally attributed to the formation of space-charge zones [13, 17]. The grain 
boundary cores of CGO are known to be positively charged, probably owing to 
oxygen vacancy enrichment. The cation excess in the regions adjacent to the cores 
(the space-charge zones) represent a barrier to ionic diffusion. 
 The remainder of this chapter shall focus solely on the electrical behaviour of 
the higher surface area powder and henceforth, CGOHSA will be referred to without 
its subscript.  
Figure 5.04 shows a typical triple grain junction in a sample of fully dense CGO 
together with a quantified Gd concentration map. The figure reveals grain 
boundary Gd enrichment (5.8 mass% above bulk composition), approximately       
2 nm in width. The apparent change in Gd intensity observed along the right hand 
boundary is thought to be a consequence of a differing grain incline that will result 
in an altered interaction volume in the near boundary region. It is suggested that 
the segregation of Gd to the grain boundary cores can be used to explain the 
decrease in gb* observed in CGO. At elevated temperatures, grain boundary Gd 
enrichment is known to occur; this is most likely associated with a reduction in 
lattice strain, although significant segregation has also been shown to result from 
second phase nucleation in Cr-doped CGO (see sections 4.4.2 and 6.3). These 
segregated Gd ions are thought to sit interstitially within the grain boundary cores 
giving an effective positive charge.  
 
 
 
 
 
 
 
 
 
Figure 5.04.: Undoped CGO sintered at 1350°C for 5 hours (a) HAADF image 
indicating location of line scan (figure 5.06a) and (b) Quantified Gd 
concentration map (normalised mass %). 
20 nm 20 nm 
(a) (b) 
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The electroneutrality condition states that all charges must be balanced within 
the vicinity of the boundary i.e. the sum of the charges within the grain boundary 
core and the adjacent space-charge regions must be zero. It is believed that this 
neutrality condition can be met by either substituting Ce with Gd within the space 
charge regions, leading to an effective negative charge, or through the diffusion of 
oxygen vacancies into the bulk i.e. the removal of existing positive charge. In either 
event, an increase in the core Gd concentration will result in a decrease in ionic 
conductivity, whether it be through the formation of defect complexes, 'Ce O{Gd }V
  , 
due to the increased Gd concentration, or through the removal of oxygen vacancies.  
 Figure 5.05 shows the variation in bulk and specific grain boundary 
conductivity that results in CGO when impedance measurements were recorded 
upon both heating and cooling of the sample. The prolonged holding times 
experienced between each set of measurements likely resulted in increased grain 
boundary Gd segregation. This would not affect the bulk conductivity since this is 
only a small fraction of the total Gd content, but may explain the reduction in gb* 
observed in measurements made upon cooling from 700°C. The diffusion of 
impurity species, such as Si, must however also be considered, especially with long 
dwell times. Silica is known to be ubiquitous in CeO2 [18], whilst concentrations as 
low as 50 ppm have been shown to reduce the grain boundary conductivity by as 
much as half an order of magnitude [19].     
 
  
 
 
 
 
 
 
 
 
 
 
 
Figure 5.05.: Arrhenius plot of conductivity as a function of temperature in 
undoped CGO. Measurements were recorded upon heating and 
cooling to/from 700°C.   
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5.1.3. Total Conductivity of Co-doped CGO 
 
The effects of low concentration Co oxide doping on the bulk and specific grain 
boundary conductivity of CGO are shown in figure 5.07. 2 cat% Co oxide has again 
been chosen as the nominal dopant concentration due to the marked improvements 
shown in the densification kinetics at this composition. 
 The linear relationship observed in the Arrhenius plot of the bulk conductivity 
suggests that, within this temperature range, there is significantly associated 
behaviour. The addition of 2 cat% Co oxide is shown to increase the bulk 
conductivity up until a convergence point at approximately 350°C, where the 
conductivity essentially becomes independent of dopant concentration. A similar 
convergence point was reported by Lewis et al [2], where the increased bulk 
conductivity at lower temperatures was associated with enhanced oxygen vacancy 
formation resulting from Co3+ substitution onto the Ce4+ sites (equation 4.8). This 
increase in bulk conductivity was expected to be slight, due to the low solubility 
limit of Co reported in Chapter 4. 
 The ionic conductivity, i. of a material can generally be expressed by an 
Arrhenius-type equation; 
  
(5.10)  
 
where 0 is a pre-exponential factor, Ea is the activation energy for ionic 
conductivity, k is Boltzmann’s constant and T is the absolute temperature. The 
activation energy for the relevant conduction process can therefore be calculated 
from the gradient of a log (iT) against 1/T plot. The addition of 2 cat% Co is 
shown to decrease the activation energy required for bulk conduction in CGO from 
~76±1 to ~68±2 kJ mol-1, which is in good agreement with the literature [22].  
 Figure 5.07 also indicates that Co-doping increases the specific grain boundary 
conductivity of CGO across the measured temperature range; this is associated 
with a decrease in the activation energy for grain boundary conduction (from     
~93±3 to ~88±1 kJ mol-1). An increase in gb* has been reported elsewhere in the 
literature with several proposed mechanisms. Kleinlogel et al [12] associated this 
increase with enhanced electronic conductivity resulting from an amorphous Co-
rich grain boundary layer, whereas Avila-Paredes et al [1] suggested that the 
substitution of Ce4+ by Co3+ may reduce the excess positive charge associated with 
the grain boundary cores of CGO; this would in turn reduce the core electrostatic 
potential that acts as an energy barrier to ionic diffusion. Both of these 
mechanisms are based on differing observations of the grain boundary 
microstructure in CGO. 
0 exp a
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Figure 5.07.: Arrhenius plot of conductivity as a function of temperature for 
2CoCGO. Measurements were recorded upon heating and cooling 
to/from 700°C. The solid and dashed lines (linearly extrapolated 
over the examined temperature range) represent the conductivity 
contributions of undoped CGO recorded on heating and cooling 
respectively. 
 
 Kleinlogel et al showed evidence of an amorphous, Co-rich grain boundary film 
around selected grains using dark-field TEM, whereas EELS measurements 
performed by Avila-Paredes et al, led to the conclusion that TMO-doping resulted 
in neither second phase formation nor grain boundary dopant enrichment. Figures 
4.25b and d showed quantified Co concentration maps obtained from samples of 
fully dense 2CoCGO, which clearly indicated the presence of a coherent, Co-
enriched grain boundary network. The microstructural discrepancies reported by 
Avila-Paredes et al are probably a result of the higher limits of detection associated 
with EELS compared to the Super-X EDX detection system used in this study. 
This is illustrated in figure 4.28, where the EELS spectrum obtained adjacent to a 
Co3O4-rich precipitate in 2CoCGO indicated no peaks corresponding to the Co-L 
edges, despite the associated EDX line profile (figure 4.26a) suggesting a bulk Co 
concentration of ~0.5 mass%. Despite the EDX mapping having indicated the 
presence of a coherent, Co-enriched grain boundary network, no evidence has been 
found in the current study to suggest that the partial layers reported by Kleinlogel 
et al were amorphous in nature. It is possible that the bright features reported by 
the authors, when using dark-field TEM, were instead a result of Si impurities in 
the starting powders. The effect of this (now confirmed) Co-enriched grain 
boundary network on the electronic contribution to the total conductivity shall be 
discussed in section 5.2.2.   
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 Conductivity measurements were again recorded upon cooling from 700°C with 
figure 5.07 showing negligible differences in both the bulk and specific grain 
boundary responses of 2CoCGO. Such behaviour was predicted for the bulk 
conductivity, as no changes in the Co solubility limit were expected. Any post-
sintering Co diffusion to the grain boundaries is also thought to have occurred 
during application of the electrodes, due to the high diffusivity of the species, and 
would therefore not be influenced by further temperature cycling. A drop in specific 
grain boundary conductivity was however expected upon cooling in 2CoCGO due 
to further Gd enrichment (cf. undoped CGO). It is therefore possible that Co 
lowers the driving force for grain boundary Gd segregation in CGO, as will be 
discussed in greater detail in sections 5.2.2 and 6.4.   
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 5.08.: Arrhenius plot of total conductivity for undoped CGO and 2CoCGO 
measured upon heating and cooling to/from 700°C. 
 
 Further literature comparisons can be made between CGO and Co-doped CGO 
by expressing the EIS results as a function of total conductivity, as is shown in 
figure 5.08. The addition of 2 cat% Co is shown to enhance the total conductivity 
of CGO up until ~450°C upon initial heating, which is in agreement with the 
findings of Jud et al [3]. The present results also indicate negligible differences in 
the total conductivity measured upon cooling, with both 2CoCGO results (heating 
and cooling) showing higher conductivities than their undoped counterparts. These 
findings, however, differ from those of Jud et al who reported a decrease in the 
total conductivity of Co-doped CGO upon cooling, to levels corresponding to those 
of the undoped material. This difference was attributed to the samples being      
air-quenched after sintering, which was thought to ‘freeze-in’ an additional high 
temperature conductivity mechanism; that being electronic conductivity resulting 
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from the reduction of Co3+ to Co2+ at ~900°C. Upon a second heating cycle, the 
total conductivity of the Co-doped CGO samples was said to be comparable to that 
of the undoped material. Negligible changes in the total conductivity have also 
been shown elsewhere in the literature [4, 23] for samples that were slowly cooled 
after sintering. The increased total conductivity reported for 2CoCGO in this study, 
upon both heating and cooling, is thought to be related to the large gb* response 
controlling the total conductivity. Another point of note is the slight change in 
gradient observed in both the gb* (figure 5.07) and total conductivity (figure 5.08) 
of 2CoCGO. Such a change in gradient is typically attributed to defect 
disassociation [18], although this can be ruled out given the direction of the slope. 
Similar changes in gradient were also observed in Cr-doped and Mn-doped CGO, 
although the cause of this behaviour remains unknown. 
 
5.1.4. Total Conductivity of Cr-doped CGO 
 
The effects of low concentration Cr oxide doping on the bulk and specific grain 
boundary conductivity of CGO are shown in figure 5.09. Cr oxide concentrations 
between 0.01-4 cat% are shown to have negligible effect on the bulk conductivity of 
the material, which is again thought to be related to the low solubility of the 
dopant within the host lattice. Closer examination of the bulk conductivities does 
however reveal a convergence point at ~315°C, where the conductivity essentially 
becomes independent of dopant concentration. A similar convergence point was 
reported by Ralph [11] in the bulk conductivities of various Gd-doped CeO2 
compositions, with this convergence temperature having previously been attributed 
to the boundary between associated and un-associated behaviour [24].  
  The specific grain boundary conductivity, on the other hand, shows a decrease 
of over two orders of magnitude for Cr dopant concentrations as low as 0.01 cat% 
(100 ppm). These findings are in direct contrast to those of Zajac et al [25], who 
authored the only other known study on Cr-doping in CGO. In that case, dopant 
concentrations between 0.5-2 cat% were shown to increase the grain boundary 
conductivity of CGO15 for samples sintered at 1500°C. Such discrepancies are 
surprising and have proved difficult to interpret. Since no data relating to the post-
sintering chemical composition is available, it is suggested that volatilisation of the 
Cr species may have occurred at high temperature, resulting in a material free from 
the deleterious effects of Cr oxide; the reasons why these particular compositions 
would exhibit higher grain boundary conductivities than undoped CGO15, as 
opposed to equivalent conductivities, remains unknown. A reduction in the specific 
grain boundary conductivity has previously been reported by Zhang et al [26] in 
low concentration (0.25-1 cat%) Mn-doped CGO20.   
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Figure 5.09.: Arrhenius plot of conductivity as a function of temperature for 
samples of Cr-doped CGO (0.01-4 cat% Cr) measured upon heating. 
The dashed lines (linearly extrapolated) represent the bulk and 
specific grain boundary conductivities of undoped CGO. 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 5.10.: Grain boundary silica contamination in 2CrCGO (a) Quantified Si 
line profile across the grain boundary region highlighted in figure 
4.35 and (b) HR-TEM image of a typical grain boundary. The 
hatched area in figure 5.10a gives an indication of the estimated 
width of the grain boundary core.    
 
2 nm 
(a) (b) 
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 This decrease was attributed to the dopant altering the viscosity and wetting 
nature of silica impurities, resulting in the formation of an insulating, Si-rich grain 
boundary phase; this is not however thought to be the case in this study since no 
Si impurity phases were detected at the grain boundaries of the Cr-free specimens.  
 Figure 5.10a shows a quantified Si line profile taken across a grain boundary 
region in a sample of fully dense 2CrCGO (see figure 4.35). Since this 
compositional variation again lays within the estimated error range for the 
technique (±0.5 mass%), it can only safely be concluded that both the bulk and 
grain boundary Si concentrations are below the assumed limit of detection. The 
hatched area in figure 5.10a gives an indication of the estimated width of the grain 
boundary core. Figure 5.10b illustrates a HR-TEM image (courtesy of Dr. Na Ni at 
Imperial College, London) of a representative grain boundary in 2CrCGO, which 
again indicates no evidence of a siliceous second phase. It is therefore very unlikely 
that grain boundary silica segregation is a major contributing factor to the reduced 
gb* observed in Cr-doped CGO. 
 The reduction in specific grain boundary conductivity is instead thought to be 
largely related to significant levels of grain boundary Gd enrichment above that 
found in undoped CGO. Figure 4.36b showed a quantified Gd line profile taken 
across a grain boundary region in fully dense 2CrCGO (figure 4.35) in which 
pronounced Gd segregation was observed. This additional enrichment was thought 
to occur during second phase formation, with the limited Cr concentration within 
the system resulting in grain boundary Gd excess. The enhanced core Gd content 
will result in further 'CeGd point defects or oxygen vacancy deficiency within the 
space-charge regions for charge neutrality (cf. undoped CGO); this will further 
limit the transport of oxygen ions across the grain boundary, resulting in a 
decreased specific grain boundary conductivity.  
 Crystallographic confirmation of this second phase has unfortunately not been 
possible, nor is any information available regarding the conductivity of its assumed 
composition (Gd0.1Cr0.9O1-). Although a grain boundary Cr-containing phase may 
exist in 2CrCGO, this is not thought to be of influence to the conductivity, given 
that an observable drop in gb* was also shown at very low Cr concentrations,      
e.g. in 0.01CrCGO, where second phase formation is unlikely due to the very low 
Cr-content. This was shown to be the case in Mn-doped CGO (see section 5.1.5) 
where synchrotron x-ray powder diffraction (SXRD) only revealed the presence of a 
second phase at Mn concentrations greater than 2 cat% despite a drop in gb* being 
observed at much lower dopant concentrations. Grain boundary Gd enrichment is 
however suspected at each Cr-dopant composition. One may also have noticed an 
increase in grain boundary disorder in 2CrCGO (figure 5.10b) compared to the 
undoped material (figure 5.06b). It is possible that such disorder will also 
contribute to a reduction in the specific grain boundary conductivity.  
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Figure 5.11.: Specific grain boundary conductivity as a function of Cr-dopant 
concentration measured between 290-310°C. The dashed line 
represents the conductivity of CGO measured at 300°C.  
 
 Despite all Cr dopant compositions resulting in a decreased gb*, there does not 
appear to be any correlation between the magnitude of said conductivity and the 
dopant concentration. Considering the detrimental effects of Cr addition, one 
would expect to observe a decrease in conductivity with increasing dopant 
concentration, as was reported by Zhang et al [26] in Mn-doped CGO20. The 
variation in conductivity can be more readily interpreted in figure 5.11, where gb*, 
measured between 290-310°C, is shown as a function of Cr concentration. The 
figure reveals a significant drop in gb* upon the addition of 0.01 cat% Cr, before a 
minimum is reached at 0.1 cat%. The specific grain boundary conductivity then 
increases to a maximum value, within the Cr-dopant range, at 2 cat%, before 
decreasing once again at higher dopant concentrations. This variation in gb* could 
be indicative of two interacting mechanisms that exhibit a crossover, and hence a 
minimum in conductivity, at approximately 0.1 cat% Cr. This trend is thought to 
be representative of the material, given the large temperature range over which 
similar variations in gb* occur with concentration. It is hypothesised that in very 
dilute dopant compositions, the Cr ions will be uniformly dispersed along the grain 
boundaries. This will result in uniform grain boundary Gd coverage which is 
thought to be responsible for the significant decrease in gb* seen in 0.01CrCGO 
compared to the undoped material. Further uniform grain boundary Gd enrichment 
is expected in 0.1CrCGO due to the higher Cr concentration; this will reduce the 
conductivity further, leading to the observed conductivity minimum. Unfortunately, 
there was not the opportunity to perform further SXRD measurements on the     
Cr-doped materials; therefore the exact Cr concentration required for second phase 
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formation remains unclear. A good estimate can however be made from the 
dilatometry data shown in figure 4.08b, where certain Cr-dopant compositions 
exhibited a secondary maxima in their relative linear shrinkage rates, which was 
thought to correspond to the formation of a second phase. This secondary 
maximum was apparent in dopant concentrations greater than 0.5 cat%; it is 
therefore suggested that 0.5CrCGO-4CrCGO contain this second phase. At 
concentrations greater than 0.5 cat% Cr, the specific grain boundary conductivity 
is shown to increase. This is thought to correspond to there now being sufficient Cr 
in the system for second phase nucleation to occur. During the sintering process 
(see section 4.4.2), both Cr and Gd will diffuse along the grain boundary to the 
triple junction regions where second phase precipitates will nucleate. This will 
reduce the grain boundary Gd concentration in the fully dense samples, allowing 
for improved ionic conductivity. Further second phase formation, and hence further 
grain boundary Gd removal, is expected to occur with increasing Cr content until 
the conductivity maximum is reached at ~2 cat%. At the highest dopant 
concentration, grain boundary Gd excess is suspected to reduce gb* once more. 
 The specific grain boundary conductivity of the Cr-doped materials does not, 
however, appear to follow an Arrhenius-type relationship (equation 5.10) across the 
studied temperature range, with a change in gradient, and hence activation energy 
for ionic conduction, observed in each material at ~300°C. This change in gradient 
was previously reported for Co-doped CGO (see section 5.1.3). Table 5.2 lists the 
activation energies for bulk and specific grain boundary conductivity in the         
Cr-doped materials at temperatures less than 300°C. The table reveals negligible 
differences in the activation energy for bulk conductivity, as is expected due to the 
low solubility of the dopant in CGO, whereas an increase in the activation energy 
for specific grain boundary conductivity is observed at all dopant concentrations. 
The variation in these values is shown to correlate well to the changes in 
conductivity shown in figure 5.11. 
 
Table 5.2.:  Activation energy for bulk and specific grain boundary conductivity 
in Cr-doped CGO below 300°C. 
 
Material Ea (bulk) (kJ mol
-1) Ea (gb*) (kJ mol
-1) 
CGO 76±1 93±3 
0.01CrCGO 78±2 104±4 
0.1CrCGO 77±1 104±5 
0.5CrCGO 77±2 101±2 
1CrCGO 75±2 102±3 
2CrCGO 76±1 102±3 
4CrCGO 77±2 112±2 
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5.1.5. Total Conductivity of Mn-doped CGO 
 
The effects of low concentration Mn-doping on the bulk and specific grain 
boundary conductivity of CGO are shown in figure 5.12. Mn oxide concentrations 
between 0.1-4 cat% are shown to have negligible effect on the bulk conductivity; 
this is again suspected to result from a low solubility for TMO dopants within the 
host lattice. The addition of Mn oxide is however shown to reduce gb* by 
approximately two orders of magnitude compared to the undoped material. The 
figure also shows a deviation in gb* from Arrhenius-type behaviour at 
approximately 300°C, as was similarly reported in Cr-doped CGO. However, unlike 
in the Cr-doped specimens, an increasing dopant concentration is shown to reduce 
gb* in a linear fashion. Table 5.3 lists the activation energies required for bulk and 
specific grain boundary conductivity in the Mn-doped materials at temperatures 
less than 300°C. There are once again negligible differences in the bulk activation 
energy values, whereas a general increase is observed in the specific grain boundary 
activation energy with increasing dopant concentration.   
 
Table 5.3.: Activation energy for bulk and specific grain boundary conductivity 
in Mn-doped CGO below 300°C. 
 
Material Ea (bulk) (kJ mol
-1) Ea (gb*) (kJ mol
-1) 
CGO 76±1 93±3 
0.1MnCGO 77±1 111±4 
0.5MnCGO 76±2 108±2 
1MnCGO 76±1 109±2 
2MnCGO 75±1 108±5 
4MnCGO 77±2 113±3 
 
   Figure 5.13 shows a HAADF image acquired from a sample of fully dense 
2MnCGO, together with corresponding Ce, Gd and Mn intensity maps. The figure 
clearly indicates the presence of second phase precipitates, approximately 1 m in 
diameter. These precipitates are shown to be both Gd and Mn enriched and Ce 
deficient. A quantified line profile, indicating the compositional variation through 
the centremost precipitate, is illustrated in figure 5.14. The second phase is shown 
to contain at least 65 mass% Gd, 20 mass% Mn and 10 mass% O. These values will 
however be underestimates, due to the Ce signal that arises from the CGO phase 
underneath the precipitate. EDX mapping was similarly performed on a sample of 
fully dense 0.5MnCGO, however, unlike in the 2MnCGO sample, there was no 
evidence of a second phase, suggesting that a threshold Mn concentration is in fact 
required for phase precipitation. 
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Figure 5.12.: Arrhenius plot of conductivity as a function of temperature for 
samples of Mn-doped CGO (0. 1-4 cat% Mn) measured upon heating. 
The dashed lines (linearly extrapolated) represent the bulk and 
specific grain boundary conductivities of undoped CGO. 
 
 
 
 SXRD measurements were performed on the full range of sintered,                  
Mn-containing materials (courtesy of Dr. Justin Kimpton at the Australian 
Synchrotron, Melbourne, Australia and Dr. Christopher Munnings at CSIRO, 
Melbourne, Australia) in order to examine the concentration of Mn necessary for 
second phase precipitation. Figure 5.15 shows the synchrotron powder diffraction 
patterns of 0.1-4MnCGO recorded at room temperature. At concentrations between 
0.1-1 cat% Mn, the patterns indicate the presence of a single phase cubic fluorite 
type structure representative of CGO. However, at dopant concentrations 2 cat%, 
diffraction peaks corresponding to a new crystal phase, Gd2Mn2O7, also become 
apparent. These peaks are indicated in figure 5.15 by the filled triangles. The 
stoichiometry of this phase is also in good agreement with the composition 
determined using EDX mapping (figure 5.14). Second phase precipitates are not 
believed to exist below the techniques limit of detection. For example, the 
diffraction peak at 11.5° 2 (the 100% intensity peak in Gd2Mn2O7) is twice the 
intensity in 4MnCGO as that in 2MnCGO; assuming the peak intensity decreases 
proportionally with concentration, a diffraction peak would still be observable at 
11.5° 2 in 1MnCGO if a second phase did exist. It can therefore be concluded that 
Mn-concentrations greater than 2 cat% are required to produce a second phase in 
CGO. This is considerably higher than the estimated concentration of Cr needed 
for second phase precipitation. 
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Figure 5.13.: 2MnCGO sintered to full density at 1200°C for 2 hours (a) HAADF 
image (b) Quantified Mn intensity map (c) Quantified Gd intensity 
map (d) Quantified Ce intensity map.  
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 5.14.: Quantified line profiles across a precipitate (figure 5.13a) in fully 
dense 2MnCGO showing the concentrations of Ce, Gd, O and Mn. 
All values are expressed in normalised mass %. 
500 nm 500 nm 
(a) (b) 
(c) (d) 
500 nm 500 nm 
500 nm 500 nm 
    Chapter 5. Electrical Properties of TMO-doped Cerium Gadolinium Oxide 
 
 
169 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 5.15.:  Synchrotron powder diffraction patterns of 0.1-4MnCGO. The 
triangular symbols denote the diffraction peaks of Gd2Mn2O7. 
 
 Since a significant decrease in gb* is still observed at dopant concentrations 
below 2 cat%, the presence of Gd2Mn2O7 at the grain boundaries is unlikely to be 
responsible for the conductivity decrease. Instead, significant grain boundary Gd 
enrichment, relating to the formation of Gd2Mn2O7 precipitates, is again proposed 
as a possible mechanism to explain the detrimental effects of Mn addition on gb* in 
CGO. The enhanced core Gd content will again result in further 'CeGd point defects 
or oxygen vacancy deficiency within the space-charge regions for charge neutrality; 
this will further limit the transport of oxygen ions across the grain boundary, 
resulting in a decreased specific grain boundary conductivity. 
 Although the same blocking mechanism has been suggested in both Cr-doped 
and Mn-doped CGO, different trends in gb* have been observed. Whilst the 
specific grain boundary conductivity of Mn-doped CGO was found to decrease 
linearly with increasing dopant concentration, a minimum in gb*, possibly resulting 
from two conflicting conductivity mechanisms, was found in the range of Cr-doped 
materials (figure 5.11). An explanation of this observed minimum was given in 
section 5.1.4 based on changes in the grain boundary chemistry that occur with 
increasing dopant concentration. Since the trend in gb* differs for the Mn-doped 
materials, an alternative grain boundary chemical evolution must occur with 
increasing dopant concentration. Figure 5.16 shows a HAADF image of a 
representative grain boundary in fully dense 2MnCGO. The results of the line scan 
through the highlighted region are shown in figure 5.17. The material is shown to 
exhibit both grain boundary Gd enrichment and Ce depletion (+1.8 mass% and      
-3.4 mass% respectively) compared to the bulk composition.  
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Figure 5.16.:
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 5.17.: 
 
 
 
HAADF image of fully dense 2MnCGO indicating the location of the 
line scan shown in figure 5.17. 
Quantified line profiles across a grain boundary region in fully dense 
2MnCGO showing the concentrations of (a) Mn and 
All values are expressed in normalised mass %.
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 Grain boundary Mn enrichment (+0.9 mass%) is also observable in 2MnCGO at 
a concentration three times that of Cr in 2CrCGO. This indicates that less dopant 
is diffusing to the triple junctions in the Mn-doped materials. If the driving force 
for dopant diffusion is lower in Mn-doped CGO than in Cr-doped CGO, then the 
propagation of the second phase constituents (Mn and Gd) to the triple junctions 
will occur at a lower rate than those in Cr-doped CGO (Cr and Gd). If this is the 
case, then increasing the concentration of Mn would only lead to greater grain 
boundary enrichment and further decreases in gb* (through Gd segregation), as 
opposed to minor enhancements in gb* (through Gd removal) when the 
constituents would otherwise diffuse to the triple junctions (cf. Cr-doped CGO). 
Such differences in driving force can be used to explain the different trends in gb*. 
 It is worth noting at this point, that although enhanced grain boundary Gd 
enrichment has been used to explain the decrease in gb* observed in both          
Mn-doped and Cr-doped CGO, discrepancies in the absolute enrichment values, as 
determined by EDX mapping, occasionally call the validity of this theory into 
question. This was particularly the case in 2MnCGO (figure 5.17b), where the 
magnitude of the grain boundary enrichment was in fact lower than that observed 
in CGO. These discrepancies are believed to result from the resolution of the 
mapping technique. Once a STEM micrograph has been acquired, a full EDX 
spectrum is collected from every pixel within that image; differences in 
magnification will therefore alter how much information is contained within each 
pixel. For example, if the magnification is lower in a given image, each pixel will 
cover a larger area of the sample; the concentration of a given element will 
therefore be averaged over a larger area resulting in lower special resolution. This 
effect is amplified during a line scan where the spacing between acquisition points 
cannot be controlled. Chapter 6 will describe how low energy ion scattering (LEIS) 
measurements were used to examine the segregation depth (which is analogous to 
width) within an accuracy of an atomic monolayer. These analyses will confirm 
that the resolution of the EDX technique was indeed responsible for these 
discrepancies, and will reaffirm that Gd segregation is a plausible cause for the 
observed decrease in specific grain boundary conductivity.  
 High grain boundary Gd enrichment, resulting from the formation of a Gd-rich 
second phase, has been suggested as a possible mechanism for the decrease in gb* 
observed in both Cr-doped and Mn-doped CGO. It is further hypothesised that this 
mechanism could be responsible for the conductivity decrease observed in other 
TMO-doped CGO solid solutions. It should be recalled from Chapter 2, that 
despite its appropriateness as a sintering aid, the addition of NiO was also shown 
to be detrimental to the grain boundary and total conductivity of CGO [25, 27]. 
Although the effects of Ni-doping have not been examined in this study, evidence 
of second phase formation has been shown elsewhere. For example, Zajac et al [25] 
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observed low concentrations of GdNiO3 in Ni-doped CGO15 using SXRD, with 
further refinements suggesting that all of the dopant added during synthesis was 
incorporated into the second phase. 
 
5.1.6. Total Conductivity of (Co + Cr)-doped CGO 
 
The effects of multiple TMO doping on the conductivity of CGO were investigated 
using a dopant concentration of 2 cat% Co + 1 cat% Cr (2Co1CrCGO). The effects 
of this dopant combination on the bulk and specific grain boundary conductivity 
are shown in figure 5.18 together with those of CGO, 2CoCGO and 2CrCGO, 
which are illustrated for reference. The figure shows negligible differences in the 
bulk conductivity of 2Co1CrCGO compared to the undoped material; this was to 
be expected given the low solubility of the two dopants when added individually. 
This dopant combination is however shown to increase gb* compared to that of 
undoped CGO, although the enhancements shown are less than those of Co-doping 
on its own. The addition of 2 cat% Co oxide can thus be said to nullify the 
electrical resistive effects of low concentration Cr-doping, in a similar manner to 
that observed in the densification studies in Chapter 4. 
 It was previously mentioned that the microstructure of 2Co1CrCGO exhibited 
traits that were characteristic of both TMO dopants (see figure 4.14). It is believed 
that this combination of microstructural artefacts can be used to explain the 
modified electrical properties observed in the material.  
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 5.18.: Arrhenius plot of conductivity as a function of temperature for 
2Co1CrCGO, 2CoCGO and 1CrCGO measured upon heating. The 
dashed lines (linearly extrapolated) represent the bulk and specific 
grain boundary conductivities of undoped CGO.  
  
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 5.19.:
 
 
whereas figures 5.19b and c show quantified Co and Cr intensity maps of the 
corresponding region respectively. 
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Figure 5.20.: Quantified line profile taken across a Co-rich precipitate (dashed 
circle in figure 5.19a) in fully dense 2Co1CrCGO showing the 
concentrations of Ce, Gd, O, Co and Cr. All values are expressed in 
normalised mass %. 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 5.21.: Quantified line profile taken across a Co + Cr-rich precipitate (solid 
circle in figure 5.19a) in fully dense 2Co1CrCGO showing the 
concentrations of Ce, Gd, O, Co and Cr. All values are expressed in 
normalised mass %. 
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Figure 5.22.: HAADF image of 2Co1CrCGO sintered at 1100°C for 2 hours 
indicating the location of the line scan in figure 5.23. 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 5.23.:  Quantified line profiles across a grain boundary region in fully dense 
2Co1CrCGO showing the concentrations of (a) Cr and Co and        
(b) Ce and Gd. All values are expressed in normalised mass %. 
  
(a) 
(b) 
40 nm 
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 Observable concentrations of both Co and Cr are also present at the grain 
boundary, however, whilst the Co profile is clearly representative of grain boundary 
segregation (+0.7 mass %), the Cr profile is more uniform, suggesting a higher bulk 
solubility but less grain boundary enrichment. The artefacts shown in the centre of 
figure 5.22 are believed to be isolated pores resulting from the detrimental effects of 
Cr addition on the sinterability of CGO. Despite there being no Gd containing 
second phases, notable grain boundary Gd enrichment is still observed within the 
material. This enrichment was expect to correspond to a drop in gb* compared to 
the undoped material, although, as can be seen in figure 5.18, this is not the case. 
2Co1CrCGO does however exhibit a continuous grain boundary Co-enriched 
network, as was previously shown in 2CoCGO (figure 4.25d). It is suggested that 
the enhanced grain boundary conductivity could instead be partly electronic in 
nature, as was thought to be the case in the Co-doped samples. Unfortunately, it 
was not possible to measure the electronic contribution to the total conductivity of 
2Co1CrCGO in order to confirm this hypothesis.  
 
5.2. Hebb-Wagner Polarisation Measurements 
 
The total conductivity of a material can be defined as the summation of both its 
ionic and electronic contributions. Whilst techniques, such as EIS, are capable of 
measuring changes in the magnitude of the conductivity, they are unable to 
differentiate between the types of conduction. For example, the addition of low 
concentration Co oxide was shown in section 5.1.3 to increase the specific grain 
boundary conductivity of CGO. These enhancements were believed to result from a 
continuous, Co-rich, grain boundary network that provided an additional pathway 
for electronic conduction. However, this increase has been attributed elsewhere to 
enhanced ionic conductivity resulting from the formation of additional oxygen 
vacancies [1-2]. Measurements of the total conductivity, as a function of oxygen 
partial pressure, have also been described as being insufficient for analysing the 
effects of minority charge carriers in materials that are predominantly ionic [4].  
 In this section, the effects of low concentration TMO doping on the electronic 
conductivity of CGO shall be examined using the Hebb-Wagner polarisation 
technique. By utilising the steady-state polarisation curves obtained at an ionically-
blocking electrode, the electronic contribution to the total conductivity can be 
directly determined without interference from the ionic contribution.  
 A brief introduction to the Hebb-Wagner polarisation technique is given in 
section 5.2.1, but the interested reader is referred to [28] and [29] for further details 
of the technique. 
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5.2.1. Theoretical Considerations 
 
The Hebb-Wagner polarisation technique is typically used to determine the 
conductivity of minority charge carriers in materials that are predominately ionic 
conductors. In principle, the electronic conductivity is determined by measuring the 
total conductivity at steady state, whilst the ionic contribution is blocked by an 
insulating electrode. The basic presumptions of the Hebb-Wagner technique are 
that an idealised blocking effect exists at the polarisable electrode and that the 
conductivity is a well-defined function of the local chemical potential [29]. These 
conditions can be met by ensuring gas tight encapsulation at the polarisable 
electrode and ensuring that any contact resistance, due to imperfect contact, can be 
separated from the measured I-V data before analysis. Measurements in this study 
were made using micro-contacts as opposed to planar electrodes due, in part, to 
their more rapid response times [28]. Under these conditions, the electronic 
conductivity, e, can be calculated as a function of oxygen partial pressure at the 
blocking electrode, pO2 (blocking), using the slope of the steady state I-V curve; 
  
(5.11) 
 
where a is the contact radius of the micro-contact. The oxygen partial pressure at 
the blocking electrode, measured under steady-state conditions, can be calculated 
with respect to the partial pressure of air at the reference electrode, pO2 (air), using a 
rearrangement of the Nernst equation; 
 
(5.12) 
 
where F is Faraday’s constant, R is the gas constant, T is the absolute temperature 
and Vcontact is the voltage resulting from the non-negligible contact resistance which 
is independently determined during the polarisation measurements. To uphold the 
blocking nature of the micro-contact, only negative voltages were applied; this 
prevented the accumulation of oxygen ions within the glass.  
 
5.2.2. Electronic Conductivity of Co-doped CGO 
 
Hebb-Wagner polarisation measurements were performed (courtesy of Kerstin 
Schmale at the University of Münster, Germany) on a sample of fully dense 
2CoCGO between 350-800°C. Similar measurements were also performed on 
undoped CGO within the same temperature range, however due to the relatively 
low conductivity of the material at temperatures below ~650°C, it was not possible 
to apply a contact resistance correction; therefore any comparisons between the 
two materials at lower values of pO2 will be limited to temperatures above 700°C. 
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Selected results from the polarisation measurements i.e. the steady-state I-V curves 
are shown in figure 5.24, where the negative sign of the applied voltage refers to 
the polarity of the blocking electrode with respect to the reference electrode. To 
ensure that all data points were acquired at steady-state, each respective voltage 
was held for 30 minutes before the steady-state current was determined. The figure 
reveals a notable hysteresis in the I-V curves of 2CoCGO; this has been attributed 
to a redox process involving the Co oxide. Such behaviour is also observed in 
undoped CGO, although, to a much lesser extent and is likely associated with the 
reduction of Ce4+ to Ce3+ at higher temperatures [30]. The plateau observed at 
smaller applied voltages corresponds to a minimum in electronic conductivity, 
whilst the increasing gradient at larger voltages (and lower pO2) corresponds to an 
increase in n-type conductivity [29]. The addition of Co oxide and an increase in 
temperature are both shown to displace the onset of the enhanced n-type 
conductivity in CGO to higher oxygen partial pressures. The hysteresis in             
figure 5.24 illustrates the high reducibility of Co oxide compared to Cr oxide within 
CGO. These findings tally with the densification theory outlined in Chapter 4, 
where the inhibiting effects of Cr-doping on the sinterability of CGO were related, 
in part, to the poor reduction kinetics of the chromium ions.  
 The electronic conductivity of 2CoCGO was calculated according to       
equation 5.11 using I-V data such as that illustrated in figure 5.24. The resulting 
conductivities are shown as a function of oxygen partial pressure in figure 5.25 for 
the temperature range 350-650°C. Increasing the temperature is shown to increase 
the electronic conductivity of the material and shift the conductivity minimum 
towards higher oxygen partial pressures. 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 5.24.: Steady state I-V curves of CGO, 2CoCGO and 2CrCGO in the 
temperature range 750-800°C.  
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Figure 5.25.: Electronic conductivity as a function of oxygen partial pressure for 
2CoCGO measured between 350-650°C. The dashed line indicates 
that the n-type conductivity follows a -1/6 dependency. 
 
 Similar findings have been reported elsewhere in the literature for Co-doped 
Ce0.8Gd0.2-xPrxO2- [28]. At lower temperatures, the n-type conductivity of 2CoCGO 
appears to follow a -1/6 dependency with pO2 which is in agreement with the 
findings of Fagg et al [23]; this slope is indicated on the figure for reference. A 
comparison between the electronic conductivity of 2CoCGO and undoped CGO, as 
a function of oxygen partial pressure, is illustrated in figure 5.26 for temperatures 
above 750°C. At these high temperatures, it was not possible to apply a contact 
resistance correction to the Co-doped data due to the hysteresis present in the I-V 
curves (see figure 5.24). Even so, a notable increase is observed in the overall 
electronic conductivity of 2CoCGO (both n-type and p-type) compared to the 
undoped material. This increase is however much more pronounced in the p-type 
regime, where the conductivity is a factor of 8-10 greater at higher oxygen partial 
pressures. These results are in very good agreement with those of Fagg et al [4, 23] 
for 2CoCGO20. The addition of Co oxide is also shown to shift the onset of n-type 
electronic transport to higher oxygen partial pressures; this is likely related to the 
high reducibility of the dopant. The partial pressure of the undoped material 
follows a -1/4 dependency in the n-type regime and a +1/4 dependency in the     
p-type regime. This has been shown elsewhere in both CeO2 [31] and CGO20 [29]. 
With reference to the Brouwer diagram derived in figure 2.04, the oxygen partial 
pressure dependency of n and p in undoped CGO between 1 and 110-14 atm 
corresponds to the vacancy compensated regime. Since the oxygen partial pressure 
dependency differs for 2CoCGO, it can be concluded that the dominant charge 
compensating mechanism also changes upon Co-doping.    
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Figure 5.26.: Electronic conductivity as a function of oxygen partial pressure for 
samples of undoped CGO and Co-doped CGO at temperatures 
between 750-800°C. All measurements were recorded under steady-
state conditions. 
 
 Figure 5.26 also indicates a larger temperature dependence within the n-type 
regime than in the p-type regime for the undoped material. This has previously 
been attributed to variations in the activation energy for electron and hole     
mobility [28]. Figure 5.27 illustrates the temperature dependence of the n-type 
conductivity at lower operating temperatures in 2CoCGO for different values of 
oxygen partial pressure. Using equation 5.10, the apparent activation energies for 
n-type electronic transport were determined, with these values shown in table 5.4. 
Due to difficulties in applying a contact resistance correction in CGO at lower 
temperatures, and in 2CoCGO at higher temperatures, no direct comparison could 
be made between the activation energy values. The apparent activation energy for 
n-type conduction in 2CoCGO is shown to increase slightly with decreasing oxygen 
partial pressure, which is in agreement with the findings of Lübke et al [29] for 
CGO20.  
 
Table 5.4.: Apparent activation energy for n-type electronic transport in 
2CoCGO as a function of oxygen partial pressure. 
 
 
 
 
 
 
Log pO2 (atm) Ea (e) (kJ mol
-1) 
-10 136±4 
-12 138±3 
-14 139±4 
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Figure 5.27.: Temperature dependence of n-type electronic conductivity in 
2CoCGO at varying oxygen partial pressures. 
 
 Table 5.5 summarises values of the total conductivity, as determined by EIS, 
and values of the electronic conductivity measured at 0.21 atm i.e. under the same 
operating conditions. Also shown, are values of the ionic transference number, ti, 
which can be calculated from equation 5.13; 
  
(5.13)  
 
where i is the ionic conductivity and e is the sum of the electronic contributions 
to the conductivity. The table shows no variation (to 2 significant figures) in the 
ionic transference number of CGO between 600-700°C under air, as was to be 
expected in a predominately oxygen-ion conducting material. The ionic transference 
number of 2CoCGO is similarly shown not to vary within this temperature range, 
although decreases are suspected with increasing temperature and decreasing 
oxygen partial pressure. The difference between the total conductivity of the two 
materials was calculated as 1.8×10-3, 4.7×10-3 and 7.7×10-3 S cm-1 at 600, 650 and 
700°C respectively, whilst the corresponding differences in e were calculated as 
5.74×10-6, 1.07×10-5 and 5.94×10-5 S cm-1 respectively. These values indicate that 
the enhanced electronic conductivity cannot sufficiently explain the increased total 
conductivity observed in 2CoCGO. The addition of Co oxide must therefore also 
increase the rate of ionic transport within the material. It was previously 
mentioned in section 5.1.3 that the addition of Co oxide may reduce the driving 
force for grain boundary Gd segregation in CGO. If this is the case, then there will 
be a lower net positive charge associated with the grain boundary cores and a lower 
i
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driving force to balance this charge with either 'GdCe  point defects or oxygen 
vacancy deficiency within the space-charge regions (cf. undoped CGO). A reduction 
in the concentration of Gd at the grain boundary will reduce the likelihood of 
defect association and reduce the diffusion of oxygen vacancies into the bulk. Both 
these situations would promote oxygen ion diffusion across the grain boundary in 
comparison to the undoped material. Supporting evidence for this theory is 
provided by the LEIS results in section 6.4.    
 
Table 5.5.: Values of the total conductivity, electronic conductivity and ionic 
transference number of CGO and 2CoCGO measured between           
600-700°C at 0.21 atm. All conductivity measurements are given      
in S cm-1.  
   
T (°C) 
CGO 2CoCGO 
total e  ti total e ti  
600 1.33×10-2 3.76×10-7 0.99 1.51×10-2 6.12×10-6 0.99 
650 2.21×10-2 1.81×10-6 0.99 2.68×10-2 1.25×10-5 0.99 
700 3.00×10-2 5.12×10-6 0.99 3.77×10-2 6.45×10-5 0.99 
 
 
5.2.3. Electronic Conductivity of Cr-doped CGO 
 
Hebb-Wagner polarisation measurements were similarly performed (courtesy of 
Kerstin Schmale at the University of Münster, Germany) on a sample on high 
density 2CrCGO. The electronic conductivity of the material was again calculated 
by applying equation 5.11 to I-V curves attained from polarisation measurements. 
The resulting conductivities are shown as a function of oxygen partial pressure in 
figure 5.28 for the temperature range 450-700°C. As was previously observed in 
2CoCGO, increasing the temperature of operation is shown to enhance the 
electronic conductivity of the material and shift the conductivity minimum towards 
higher oxygen partial pressures. However, unlike the Co-doped material, 2CrCGO 
exhibits a clear -1/4 dependency with pO2 in the n-type regime, which is more akin 
to the undoped material. The conductivity minima of 2CrCGO also correspond to 
lower oxygen partial pressures, at any given temperature, than those observed in 
2CoCGO; this provides a window into the p-type regime without needing to adjust 
the experimental parameters. At higher values of pO2, the p-type electronic 
conductivity of 2CrCGO follows a +1/4 dependency. Increased temperatures are 
also shown to increase the n-type conductivity compared to the p-type conductivity. 
Such changes in concentration are consistent with the law of mass action 
concerning the intrinsic thermal generation of electronic defects [23]. 
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Figure 5.28.: Electronic conductivity as a function of oxygen partial pressure for 
2CrCGO measured between 450-700°C. All measurements were 
recorded under steady-state conditions. The dashed line indicates 
that the n-type conductivity follows a -1/4 dependency. 
 
 A comparison between the electronic conductivity of 2CrCGO and undoped 
CGO is illustrated in figure 5.29 as a function of oxygen partial pressure for 
temperatures above 750°C. The addition of 2 cat% Cr is shown to enhance both    
n-type and p-type conductivity in the undoped material. At any given temperature, 
the rise in conductivity is shown to be approximately equal in both defect regimes. 
However, the magnitude of this enhancement does appear to decrease with 
increasing temperature. For example, at a pO2 of ~1.5×10
-4 atm (corresponding 
roughly to the conductivity minimum), the difference in e at 750°C is 
approximately 60% larger than that at 800°C under the same atmospheric 
conditions. Cr-addition is also shown to promote n-type conductivity within the 
material compared to Co-doping. Figure 5.30 illustrates the temperature 
dependence of both n-type conductivity (filled symbols) and p-type conductivity 
(open symbols) at different values of oxygen partial pressure within 2CrCGO. The 
gradient of the plots is shown to vary depending on whether the pO2 level is 
indicative of oxidising or reducing conditions; this suggests two very different 
values of the apparent activation energy for n-type and p-type conductivity. A 
summary of these values is given in table 5.6. Within the n-type regime, the 
apparent activation energy for electronic conductivity was found to be almost 
independent of oxygen partial pressure. The average activation energy was 
determined as ~221 kJ mol-1 (2.29 eV), which is considerably higher than that 
calculated for 2CoCGO. This most likely results from the lower reducibility of the 
Cr ions.  
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Figure 5.29.: Electronic conductivity as a function of oxygen partial pressure for 
samples of undoped CGO and Cr-doped CGO at temperatures 
between 750-800°C. All measurements were recorded under steady-
state conditions. 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 5.30.: Temperature dependence of n-type conductivity (filled symbols) and 
p-type conductivity (open symbols) in 2CrCGO at varying oxygen 
partial pressures. 
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Table 5.6.: Apparent activation energy for n-type and p-type electronic 
transport in 2CrCGO as a function of oxygen partial pressure. 
 
 
 
 
 
 
 
 
 
 The apparent activation energy for p-type conductivity (average of 133 kJ mol-1, 
1.38 eV) was considerably less than that for n-type electronic transport. Such 
differences in the activation energy have been reported elsewhere in the literature 
for CGO20 [29]. The lower apparent activation energy will reduce the temperature 
dependence within the p-type regime compared to that in the n-type regime at 
lower values of pO2 [28] (see figure 5.29). Unfortunately, it was again not possible 
to make direct comparisons with CGO, this time, due to the limited temperature 
range examined in the undoped material.  
 Table 5.7 summarises values of the total conductivity, as determined by EIS, 
and values of the electronic conductivity measured at 0.21 atm, together with 
values of the ionic transference number. Although the electronic conductivity of 
2CrCGO is higher than that reported in 2CoCGO, there are no changes (to           
2 significant figures) in the values of ti measured under air. A reduction in oxygen 
partial pressure is however suspected to decrease the ionic transference number of 
2CrCGO more so than in the undoped material. 
 
Table 5.7.: Values of the total conductivity, electronic conductivity and ionic 
transference number of CGO and 2CrCGO measured between           
600-700°C at 0.21 atm. All conductivity measurements are given      
in S cm-1.  
 
T (°C) 
CGO 2CrCGO 
total e  ti total e ti  
600 1.33×10-2 3.76×10-7 0.99 8.47×10-3 6.99×10-6 0.99 
650 2.21×10-2 1.81×10-6 0.99 1.58×10-2 1.53×10-5 0.99 
700 3.00×10-2 5.12×10-6 0.99 2.76×10-2 3.36×10-5 0.99 
  
Log pO2 (atm) Ea (e) (kJ mol
-1) 
-1 128±2 
-3 137±1 
-8 221±5 
-10 221±4 
-12 221±3 
-14 222±3 
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 Section 5.1.4 showed that the addition of low concentration Cr oxide led to a 
two orders of magnitude reduction in the specific grain boundary conductivity of 
CGO. This decrease was associated with grain boundary Gd enrichment altering 
the space charge potential. The Hebb-Wagner polarisation measurements have 
however revealed that Cr-doping increases the level of electronic conductivity (both 
n-type and p-type) within the material. In 2CoCGO, this increase was thought to 
be a contributing factor to the enhanced gb* measured using EIS. Since 
considerable increases in the electronic conductivity have been measured, yet a 
large decrease is still observed in the total conductivity (see table 5.7), it can be 
concluded that the reduction in gb* associated with Cr-doping is primarily ionic in 
nature. It is believed that the enhanced electronic conductivity results from 
residual grain boundary Cr-enrichment, such as that observed in figure 4.36a, that 
provides a pathway for additional electronic transport.  
 
5.3. Summary and Conclusions 
 
This chapter has examined the effects of low concentration TMO-doping on the 
electrical properties of CGO. Electrochemical impedance spectroscopy was firstly 
used to measure the bulk and specific grain boundary contributions to the total 
conductivity before measurements, based on the Hebb-Wagner polarisation 
technique, were used to determine the corresponding electronic contribution to the 
conductivity. These measurements were accompanied by further EDX mapping of 
the fully dense microstructures, which was used to interpret the observed changes 
in electrical behaviour. 
 The addition of low concentration Co oxide was shown to enhance both the 
bulk and specific grain boundary conductivity of CGO across the examined 
temperature range. Hebb-Wagner polarisation measurements performed on 
2CoCGO revealed that these enhancements could be only attributed to high levels 
of electronic conductivity, particularly in the p-type regime, where values 8-10 
greater than those in undoped CGO were observed. The enhanced electronic 
conductivity was thought to result from a continuous, Co-rich, grain boundary film 
that provided a pathway for increased electronic transport. Since the values of the 
electronic conductivity were insufficient to explain the entire conductivity increase, 
it was concluded that Co-addition must mainly increase ionic transport within 
CGO. 
 Whilst Co-doping was shown to enhance the specific grain boundary 
conductivity, the addition of either low concentration Mn or Cr oxide was shown to 
decrease gb* by approximately two orders of magnitude. In both cases, the drop in 
conductivity was associated with there being a higher driving force for grain 
boundary Gd segregation. It was suggested that the core Gd concentration would 
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be charge compensated by either further Gd enrichment within the space-charge 
regions or the outwards diffusion of oxygen vacancies, both of which would lower 
oxygen ion transport across the grain boundary. It was further speculated that the 
driving force for this enrichment was the formation of a second phase. EDX 
mapping of Mn-doped CGO revealed the presence of second phase precipitates in 
the fully dense microstructure, whilst synchrotron powder diffraction measurements 
indicated the composition to be that of Gd2Mn2O7. Finally, further Hebb-Wagner 
polarisation measurements were performed on Cr-doped CGO. These experiments 
similarly revealed that the dopant increases the electronic conductivity of the 
material (both p-type and n-type). Since an increase in the electronic conductivity 
was observed, yet large decreases in the total conductivity were also measured, this 
proves that the drop in specific grain boundary conductivity must be 
predominantly ionic in nature. 
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6.  LEIS Analysis of Surface Segregation in 
TMO-doped Cerium Gadolinium Oxide 
 
An in-depth analysis of the grain boundary chemistry has so far proven pivotal in 
explaining the modified sintering and electrical properties that result from TMO 
doping of CGO. This interpretation has largely been based on STEM imaging and 
subsequent EDX mapping of the different microstructures. In this chapter, low 
energy ion scattering (LEIS) has been used as a complementary technique to 
continue the investigation into the effects of Co and Cr-doping in CGO. These 
measurements have been made under the assumption that a high temperature 
anneal of a freshly exposed surface will result in a composition analogous to that of 
half a grain boundary. LEIS is a highly surface sensitive analytical technique with 
sensitivity to just the first monolayer. Utilisation of a high dose sputtering beam 
also enables the depth dependence of a species to be examined. These analyses will 
not only provide a comparison for the EDX results, but will also provide higher 
resolution information regarding the segregation depth/width. Quantifying the 
extent of the Gd enrichment in these materials is of particular interest, as both the 
segregation depth and concentration are thought to be crucial in interpreting the 
conductivity data presented in the previous chapter.  
  
6.1. Introduction to LEIS and Theoretical Considerations  
 
This section shall briefly introduce the low energy ion scattering technique, but the 
interested reader is referred to the comprehensive review by Brongersma et al [1] 
for  further detail.  
 LEIS is a surface sensitive analytical technique that provides information 
relating to the composition of the outermost atomic layer of a material. This is 
achieved by bombarding a surface with a beam of low energy noble gas ions 
(typically 1-5 keV He+ or Ne+) and analysing the energy of the backscattered signal 
collected at a known angle. By considering the energy transfer of an elastic binary 
collision between a projectile of mass m1 and primary energy E0, and an atom of 
mass m2, equation 6.1 [1] shows that the energy transfer depends solely on the 
scattering angle, , which has been fixed for all measurements at 145°.    
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(6.1) 
 
 
 
 It follows that for scattering angles greater than 90°, the energy of the scattered 
ion, Ef, is then a unique function of m2. For these high scattering angles, the mass 
of the projectile must be less than that of the target atom (i.e. m2/m1>1). In 
practice this means that hydrogen is the only element that cannot be directly 
detected, whilst He+ ions are required to analyse lighter elements. When the mass 
ratio is high (i.e. m2/m1>10), mass separation deteriorates and it becomes 
necessary to use heavier noble gas ions, such as Ne+ or Ar+, to separate heavier 
target elements [1-2]. 
   
 
 
 
 
 
 
 
 
 
 
Figure 6.01.: Schematic of an AO terminating perovskite-type structure (ABO3) 
and idealised LEIS spectrum. Note that the peaks in the spectrum 
only correspond to binary collisions between the ions and atoms in 
the outermost atomic layer (light and dark grey).  
 
 The backscattered signal will result in a spectrum such as that shown 
schematically in figure 6.01 for an AO terminating perovskite structured material. 
In this representation, the surface peaks correspond to ions that have been 
backscattered after binary collisions with atoms (either A or O) in the outermost 
layer of the target material. The shoulder observed on the high-energy side of the 
peaks result from plural scattering (i.e. multiple collisions of the primary ion within 
the outermost atomic layer). Here, the energy of the ion after the first collision 
(with scattering angle 1) is the incident energy for the second collision (with 
scattering angle 2) etc. The resulting Ef is always greater after multiple in-plane 
collisions over an angle , where  = 1 + 2 [1]. The low-energy tail, on the other 
hand, is the result of multiple in-depth collisions and the elastic losses associated 
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with the longer trajectories. Since the detector can only analyse charged species, 
the scattered particles must be ionised. This infers that the projectiles were neither 
neutralised during their incoming or outgoing trajectories, or that the particles 
were re-ionised after neutralisation; in either case, the energy of these scattered ions 
will be lower than those associated with a binary collision.  
 Low energy ion scattering is a fully quantifiable technique, in which the atomic 
surface concentration, N, can be determined from the scattering yield, S, (i.e. the 
peak area of each element, i) [1; 3];   
   
(6.2) 
 
where Ip is the ion beam current and e is the elementary charge, t is the acquisition 
time,  is an instrumental factor, R is a materials factor and  is the elemental 
sensitivity factor (defined as the product of the ion fraction, Pi
+, where                       
Pi
+ = Si
+/(Si
+ + Si
0), and the differential scattering cross-section). With the 
exception of Pi+, each of these parameters can be determined in situ to give Ni. To 
obtain an accurate value of the ion fraction ratio, reference samples of known 
composition are required.   
 
 
 
 
 
 
 
 
 
Figure 6.02.: Schematic showing how the effects of (a) shadowing and (b) blocking 
reduce the LEIS signal from a rough surface. Image adapted from [1].  
 
 The surface roughness of a target must also be considered, particularly when 
being used as a reference material for quantification. High surface roughness can 
result in neutralisation or shielding that reduces the number of backscattered 
particles [4-5]. Shadowing effects will prevent the primary ions from reaching all of 
the atoms in the outermost layer, whilst blocking effects will prevent the ions from 
reaching the analyser on their outgoing trajectory. Both of these effects are shown 
schematically in figure 6.02. In order to accurately determine Ni, each standard 
must be of an identical morphology to the target material or else a satisfactory 
model is required to account for the surface roughness [1]. Alternatively, it is also 
possible to semi-quantify the surface (and depth) composition using a second high-
sputter rate ion gun. If after sufficient sputtering, it is assumed that bulk 
p
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stoichiometry has been achieved, the scattering yields at depth will enable self-
standardisation of the surface composition. This technique avoids all difficulties 
associated with surface roughness, assuming uniform sample morphology and 
density. This theory will, however, only hold true if there is no preferential 
sputtering, thus this technique cannot be used to quantify the concentration of 
oxygen. This method of self-standardisation has been used successfully elsewhere in 
the literature [6].  
 
6.2. Surface Segregation Effects in undoped CGO 
 
Low energy ion scattering measurements were firstly performed on a sample of high 
density CGO. Before analysis, all specimens were polished to a 0.25 m finish and 
annealed at 650°C for 10 hours. This was done under the assumption that a high 
temperature anneal of a freshly exposed surface would result in a composition 
analogous to that of half a grain boundary. It is however known that the driving 
force for segregation is somewhat higher at free surfaces than at grain      
boundaries [3]; this will therefore be taken into account when interpreting these 
results. 
 Examination of the lighter surface elements in CGO was performed using a       
3 keV He+ analysis beam. In addition, depth profiling was also made possible by 
alternating between the analysis beam and a secondary high sputter rate Ar+ ion 
beam. These results are plotted in figure 6.03a as a function of ion beam dose 
(linearly proportional to depth). The figure reveals surface peaks corresponding to 
the backscattered signals of Na, Ca and O. The segregation of alkali and alkali 
earths to the interface is thought to reduce the surface energy of the system. Such 
diffusion is particularly prevalent in oxidic matrixes where the mobility of these 
species is very high [2]. Similar segregation effects have previously been reported 
elsewhere in the literature for both CGO20 [3] and 8YSZ [7-8]. The high surface O 
peak, on the other hand, is thought to partly result from preferential sputtering of 
the species. With increasing ion dose, the backscattered signal for Na is shown to 
decrease sharply, suggesting that the enrichment is only a monolayer thick. 
Similarly, the backscattered Ca peak is also shown to decrease with increasing ion 
dose, however, unlike with Na, a trace signal is still observed up until a dose of 
approximately 6×1015 ions cm-2, suggesting more considerable near-surface 
enrichment. This was however expected due to the ubiquity of the species in the 
unprocessed ores. Due to the rate at which the Na peak diminishes compared to 
that of Ca, it is possible that the Na concentration is not representative of the real 
surface, and is in fact a result of imperfect surface cleaning prior to analysis. If this 
is the case, then the surface of the annealed CGO sample is exclusively covered by 
a monolayer of CaO, which is in agreement with the findings of Scanlon et al [3] for 
CGO20.  
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Figure 6.03.: LEIS spectra of a polished CGO pellet annealed at 650°C for          
10 hours using (a) a 3 keV He+ analysis beam and (b) a 5 keV Ne+  
analysis beam. The dose axis is a summation of both the analysis 
beam and a 1 keV Ar+ sputter beam.  
(a) 
(b) 
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 Increasing the ion dose also reveals a combined Ce + Gd peak. Figure 6.03a 
shows the intensity of this signal to increase up until an approximate dose of 
6×1015 ions cm-2 where bulk stoichiometry is attained, whilst those peaks 
corresponding to Ca, Na and O diminish simultaneously.  
 In order to resolve the Ce and Gd peaks, a heavier noble gas ion must be used 
for analysis. This is illustrated in figure 6.03b which shows the LEIS spectra 
obtained from CGO using a 5 keV Ne+ analysis beam. Utilisation of the Ne+ beam 
does however prevent the detection of lighter elements. The structureless 
background towards the lower energy side of the spectrum is the result of lighter 
ions being sputtered by the heavier Ne+ analysis beam. This signal exists as the 
LEIS energy spectrometer is unable to differentiate between backscattered primary 
ions and sputtered secondary ions, although it is possible to remove this signal 
using time of flight (ToF) measurements. Figure 6.03b shows the emergence of the 
separate Ce and Gd peaks at a lower dose than that of the combined Ce + Gd 
peak in figure 6.03a. This results from surface contaminates being removed move 
rapidly by Ne+ ions than He+ ions due to the higher sputter yield associated with 
the former [3]. The relative magnitudes of the Ce and Gd peaks are shown to 
change with ion dose until steady intensities are reached; the corresponding 
scattering yields were assumed to be representative of the bulk stoichiometry of 
CGO and were subsequently used to quantify the cation fractions of Ce and Gd.  
 
 
  
 
    
 
 
 
 
 
 
 
 
 
 
 
 
Figure 6.04.: Cation fraction as a function of ion dose and estimated depth in 
CGO annealed at 650°C for 10 hours. The dose axis is a summation 
of a 5 keV Ne+ analysis beam and a 1 keV Ar+ sputter beam. 
   Chapter 6. LEIS Analysis of Surface Segregation in TMO-doped CCO 
 
 
197 
 
 Figure 6.04 shows the variation in cation fraction (both Ce and Gd) as a 
function of ion dose and depth (estimated using SRIM [9]) analysed under a 5 keV 
Ne+ ion beam. The self-quantification technique indicates that the surface Ce:Gd 
ratio in CGO is approximately 0.56:0.44. With increasing ion dose, the Ce cation 
fraction is shown to increase whilst that of Gd is shown to decreases until the 
nominal bulk Ce:Gd ratio is returned after ~0.5 nm. These results indicate that the 
near-surface of CGO is Gd enriched by approximately a factor of 4 compared to 
the bulk. These values are in good agreement with those of Scanlon et al [3] who 
calculated the surface Ce:Gd ratio in CGO20 as 0.5:0.5 using CeO2 and Gd2O3 
standards. It should however be noted that both sets of measurements were made 
using heavy primary ions (3 keV Ar+ in [3]), therefore the surface Ca and Na 
concentrations could not be included in these analyses. 
 Grain boundary and surface Gd segregation are both known phenomena in 
CGO and have previously been reported by techniques including LEIS [3],           
EELS [10], x-ray photoelectron spectroscopy (XPS) [11] and atomistic              
simulation [12]. This segregation likely results from the driving force to reduce 
lattice strain within the system. Grain boundary Gd enrichment was also reported 
for undoped CGO in Chapter 5, where a boundary concentration of ~18 mass% Gd 
was observed (figure 5.04b). This equates to a grain boundary Gd cation fraction of 
~0.2 which is only half the concentration determined using LEIS. This discrepancy 
could result from either the lower resolution of the EDX technique, where in this 
case, each point on the line profile was averaged over ~0.5 nm, i.e. the entire 
enrichment depth according to the LEIS results, or from the higher driving force 
and equilibrium segregation associated with surfaces. However, since Lei et al [10] 
determined the grain boundary Ce:Gd cation ratio as 0.6:0.4 in CGO20 using EELS 
measurements based on atomic resolution TEM, it is more likely that this 
discrepancy is predominantly related to the resolution of the EDX mapping 
technique.   
 
6.3. Surface Segregation Effects in Cr-doped CGO 
 
Low energy ion scattering measurements were similarly performed on a sample of 
high density 2CrCGO. The near-surface composition was firstly examined as a 
function of ion dose by alternating between a 3 keV He+ analysis beam and 1 keV 
Ar+ sputter beam. These results are plotted in figure 6.05a. The spectra again 
reveal surface peaks corresponding to the backscattered signals of Na, Ca and O. 
The surface scattering yields of both Na and O are of a similar magnitude to those 
seen in the undoped material; this was to be expected, given that the same 
preparation and testing conditions were used for both samples. 
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Figure 6.05.: LEIS spectra of a polished 2CrCGO pellet annealed at 650°C for          
10 hours using (a) a 3 keV He+ analysis beam and (b) a 5 keV Ne+  
analysis beam. The dose axis is a summation of both the analysis 
beam and a 1 keV Ar+ sputter beam.  
(a) 
(b) 
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 The backscattered Ca peak, however, is noticeably smaller than that seen in the 
undoped material, despite this, a continuous signal is still observed up until a dose 
of ~4×1015 ions cm-2. If the surface Na concentration is again assumed to be the 
result of imperfect cleaning, due to the rate at which the signal diminishes with 
depth, then the surface of 2CrCGO is thought to be exclusively covered by a 
monolayer of CaO. With increasing ion dose, a combined Ce+Gd peak again 
emerges whilst the backscattered signals of Ca, Na and O decrease simultaneously. 
    In order to separate the Ce and Gd peaks, the analysis was repeated on 
another region of the sample, this time by alternating between a 5 keV Ne+ 
analysis beam and 1 keV Ar+ sputter beam. The resulting spectra are shown as a 
function of ion dose in figure 6.05b. The heavier primary ion source again resulted 
in a characteristic structureless background towards the lower energy side of the 
spectrum and two clearly resolved peaks corresponding to the presence of Ce and 
Gd atoms. One point of particular interest is the lack of a backscattered Cr peak, 
which should be present at ~1100 eV. This is likely due to a thermodynamically 
stable configuration already having been formed during second phase precipitation 
(see figure 4.37) and the dopant therefore having no energetic requirements to 
segregate to the surface. It is also likely that any Cr remaining in the bulk, which 
could segregate, would be below the technique’s limit of detection. 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 6.06.: Cation fraction as a function of ion dose and estimated depth in 
2CrCGO annealed at 650°C for 10 hours. The dose axis is a 
summation of a 5 keV Ne+ analysis beam and a 1 keV Ar+ sputter 
beam. The results of undoped CGO are included for reference. 
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 Figure 6.05b also shows considerably more surface Gd segregation compared to 
the undoped material. The relative scattering yields of Ce and Gd at depth were 
once again assumed to be representative of the bulk stoichiometry of the material 
and were subsequently used to quantify the cation fractions of Ce and Gd. These 
results are illustrated in figure 6.06 as a function of depth (shown up to ~8 nm) 
analysed under a 5 keV Ne+ ion beam. Since the LEIS spectra did not indicate the 
presence of Cr, the quantification was performed assuming that the stoichiometry 
of 2CrCGO was the same as CGO i.e. Ce0.9Gd0.1O1.95. It was again necessary to 
disregard the presence of Ca in this analysis. The figure shows that the surface 
Ce:Gd ratio in 2CrCGO is 0.44:0.56, signifying a 12 cat% increase in the surface 
Gd concentration compared to undoped CGO. This level of significant enrichment 
is observed for approximately 20 monolayers before the concentration of Gd begins 
to decrease. It is not however until a depth of ~12 nm that bulk stoichiometry is 
returned, indicating an enrichment width approximately four times that seen in the 
undoped material. These findings are in good agreement with those presented in          
section 4.4.2 where an enrichment width of ~7 nm was determined by EDX 
analysis. The LEIS results for 2CrCGO are also in agreement with the theory 
outlined in Chapter 5 concerning the low gb* observed in the material. The 
addition of Cr oxide was believed to increase the driving-force for core Gd 
segregation; this is evident from the higher surface Gd cation fraction. In order to 
fulfil the electroneutrality condition, further Gd enrichment was required within 
the space-charge layers to compensate the net-positive charge in the core; this is 
also evident from the considerable enrichment depth. Such parallels could also be 
drawn from the EDX mapping, however some discrepancies still exist in the 
absolute values provided by the LEIS and STEM analyses. These differences have 
again been attributed to the lower resolution of the EDX mapping technique and 
the inclusion of impurity ions, such as Zr and Ca, in the quantification. 
 
6.4. Surface Segregation Effects in Co-doped CGO 
 
The near-surface segregation in 2CoCGO was likewise examined using low energy 
ion scattering. The concentration of lighter surface elements was firstly analysed as 
a function of ion dose by alternating between a 3 keV He+ analysis beam and a      
1 keV Ar+ sputter beam. These results are plotted in figure 6.07a. The spectra 
reveal surface peaks corresponding to the backscattered signals of Na, Ca and O as 
was previously observed in both CGO and 2CrCGO. The high surface O peak is 
again believed to be related to preferential sputtering, whilst the sharp decrease in 
the Na scattering yield is again indicative of imperfect surface cleaning. It is 
therefore likely that the surface of 2CoCGO is similarly covered in a monolayer of 
CaO. With increasing ion dose, a combined Ce+Gd peak again emerges whilst the 
backscattered signals of Ca, Na and O decrease simultaneously. 
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Figure 6.07.: LEIS spectra of a polished 2CoCGO pellet annealed at 650°C for          
10 hours using (a) a 3 keV He+ analysis beam and (b) a 5 keV Ne+  
analysis beam. The dose axis is a summation of both the analysis 
beam and a 1 keV Ar+ sputter beam.  
 
(a) 
(b) 
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 In order to resolve the Ce and Gd peaks, a second analysis was performed 
utilising a heavier 5 keV Ne+ ion beam and a 1 keV Ar+ sputter beam. The 
variation in near-surface segregation is shown in figure 6.07b as a function of ion 
dose. There is once again a characteristic structureless background towards the 
lower energy side of the spectrum, however, in comparison to 2CrCGO and 
undoped CGO, the signal from the sputtered secondary ions is limited to lower 
energies and hence the sputtering of lighter elements. It is therefore possible that 
this analysis was performed on a cleaner region of the sample where there would be 
fewer, heavier surface contaminants. The figure does however indicate a very small 
backscattered signal corresponding to the presence of Co at ~1380 eV. Although 
the scattering yield is low, a continuous signal remains until a dose of                      
~4×1015 ions cm-2. The segregation of Co to the surface was expected to be slight, 
given that the formation of Co-rich precipitates is already known to occur at high 
temperature (figure 4.25) and that a thermodynamically stable configuration would 
already exist prior to the anneal. The EDX analysis did however reveal a coherent 
Co-enriched grain boundary network in 2CoCGO that would be free to segregate to 
the surface, enabling detection by LEIS. It is also possible that the signal arose due 
to the presence of Co precipitates within the analysed area. The scattering yield for 
Co was however insufficient for self-standardisation and was therefore discarded in 
all further calculations.  
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 6.08.: Cation fraction as a function of ion dose and estimated depth in 
2CoCGO annealed at 650°C for 10 hours. The dose axis is a 
summation of a 5 keV Ne+ analysis beam and a 1 keV Ar+ sputter 
beam. The results of undoped CGO are included for reference. 
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 The relative scattering yields of Ce and Gd at depth were again assumed to be 
representative of the bulk stoichiometry of 2CoCGO (now taken as Ce0.9Gd0.1O1.95) 
and were subsequently used to quantify the cation fractions in the material; it was 
again necessary to disregard the presence of Ca in this analysis. These results are 
illustrated in figure 6.08 as a function of depth analysed under a 5 keV Ne+ ion 
beam. The figure shows that the surface Ce:Gd ratio in 2CoCGO is 0.62:0.38, 
indicating a 6 cat% decrease in surface Gd segregation compared to the undoped 
material and a 18 cat% decrease compared to 2CrCGO. These findings are in 
general agreement with the EDX analyses performed in Chapter 4, although there 
are again discrepancies in the absolute enrichment values. It was previously 
concluded that the enhanced conductivity observed in Co-doped CGO was both 
electronic and ionic in nature. Whilst the enhanced electronic conductivity along 
the grain boundaries was attributed to a coherent Co-enriched grain boundary 
network, the enhanced ionic conductivity across the boundaries was attributed to 
modifications in the space-charge model. The theory predicted that Co-doping 
would reduce the driving force for grain boundary-core Gd enrichment, compared 
to undoped CGO, which would in turn reduce the core’s effective positive charge. 
This would subsequently limit the diffusion of oxygen vacancies away from the 
space-charge regions and limit defect association caused by Gd enrichment adjacent 
to the cores. The LEIS results appear to support this hypothesis, given that a lower 
surface Gd concentration has been observed, indicating a lower driving force for 
core Gd segregation. 
  
6.5. Summary and Conclusions 
 
This chapter has examined the compositional variations that occur in the near-
surface of CGO and TMO-doped CGO using the low energy ion scattering (LEIS) 
technique. Measurements were performed using either a 3 keV He+ or 5 keV Ne+ 
analysis beam alternated with a 1 keV Ar+ sputter beam. This has enabled the 
concentration of all elements within the samples to be examined as a function of 
ion dose and estimated depth. A novel method of self-standardisation, based on the 
ratio of the scattering yields after depth-profiling, has been used to quantify the 
cation fractions in the surface and near-surface regions. All materials contained a 
surface monolayer enriched in CaO and exhibited near surface Gd enrichment such 
that 2CrCGO>CGO>2CoCGO. Comparisons were subsequently drawn between 
the LEIS results and corresponding EDX maps. In all cases, the results showed 
general agreement, although the absolute values of the enrichment varied, most 
likely due to the lower resolution of the EDX technique. The variations in surface 
Gd enrichment were also found to be in agreement with the theory outlined in 
Chapter 5 concerning the changes in specific grain boundary conductivity that arise 
from TMO addition.   
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7. Conclusions and Further Work 
 
Cerium gadolinium oxide is known to exhibit promising levels of ionic conductivity 
within the IT-SOFC operating temperature range. Intermediate temperature 
operations is beneficial, in part, as it facilitates the use of stainless steel 
interconnects and cell supports. CGO powders are however known to require 
sintering temperature in excess of 1300C for full densification, which will prevent 
the co-firing of the electrolyte and stainless steel components due to degradation 
within the steel at temperatures above ~1000C. A reduction in the sintering 
temperature can however be achieved via the introduction of a transition metal 
oxide (TMO) sintering additive. Although the effects of TMO-doping on the 
densification of CGO are generally understood, there is still little literature 
consensus as to the mechanisms responsible for this modified sintering behaviour. 
Discrepancies also exist in the literature relating to the effects these dopants have 
on the electrical conductivity of the material. When using a stainless steel 
supported cell, one must also consider the influence of impurity TMOs that may 
enter the electrolyte during manufacture or operation. In this study, the effects of 
low concentration Co, Cr and Mn oxide, singly and in combination, on the 
sintering and electrical properties of CGO have been examined using a variety of 
experimental techniques. By combining these studies with quantifications of the 
surface and grain boundary chemistry, mechanisms relating to the modified 
sintering and electrical behaviour of these materials have been suggested. 
 
The effects of low concentration TMO-doping on the densification kinetics of CGO 
were reported in Chapter 4. The addition of 2 cat% Co oxide was found to enhance 
the densification kinetics of the material, reducing the sintering temperature 
required for full densification by up to 200C. These effects were found to be more 
prominent in lower surface area powders, where there would be a more uniform 
dopant distribution. The addition of Mn oxide (0.1-4 cat%) was similarly shown to 
enhance the densification kinetics of CGO. Mn-doping was however found to 
produce less favourable packing geometries which increased the sintering onset 
temperature. Cr-doping, on the other hand, was found to be detrimental to the 
densification of CGO, with sintering temperatures of 1500C required to attain 
relative densities greater than 96%. The inhibiting effects of Cr addition were also 
found to be evident even at low concentrations and to increase with increasing 
Chapter 7. Conclusions and Further Work 
 
 
206 
 
dopant concentration, as was shown by the smaller grain size and increased 
porosity by TEM. The effects of multiple TMO-doping in CGO were also examined 
using a dopant combination of 2 cat% Co + 1 cat% Cr. The inhibiting effects of 
Cr-doping were shown to be largely nullified by the presence of Co. 
 Bright-field TEM revealed that Co was strongly segregated to the grain 
boundaries where it probably enhanced the rate of grain boundary transport in 
CGO, whereas Cr-doping was observed to have little grain boundary enrichment. 
These results were in good agreement with measurements made of the apparent 
sintering activation energies. STEM imaging with EDX mapping was used to 
examine the location and concentration of the dopants in 2CoCGO and 2CrCGO 
as a function of relative density. With increasing density, the concentration of Co 
at the grain boundary was found to decrease. This corresponded to the formation 
of Co-rich precipitates at the triple grain junctions. EELS analyses revealed these 
precipitates to be Co3O4-like in nature. Grain boundary Gd enrichment and Ce 
depletion were also observed at all densities; however no trend in these was noted 
with increasing density. Similar conclusions were also drawn from the Cr-doped 
specimens; with the concentration of Cr at the grain boundary shown to decrease 
with increasing relative density. EDX analysis of the fully dense Cr-doped CGO 
microstructure revealed the presence of Cr+Gd precipitates, which were believed to 
form via the diffusion of Cr and Gd along the boundary during sintering. 
Subsequent EELS analysis revealed that these precipitates contained Cr4+. 
 The improved densification kinetics observed in both the Co-doped and       
Mn-doped materials were believed to result from enhanced solid-state diffusion, 
resulting from the reduction of the transition metal oxidation state at 
approximately 900C and the associated introduction of effective negative charge. 
This negative charge would be balanced in the lattice and at the grain boundaries 
by the formation of additional oxygen vacancies, which by considering both the 
Schottky and Frenkel defect equilibria would result in an increased Ce interstitial 
concentration. The inhibiting effects of Cr addition could also be related to changes 
in the defect chemistry. It was proposed that at relatively low densities, the Cr 
created a blocking effect at the grain boundaries that hindered the dominant 
pathway for cation diffusion, resulting in enhanced porosity compared to the 
undoped material. Given that the rate of grain growth in Cr-doped CGO was 
shown to be similar to that in the undoped material, grain growth would continue 
at its normal rate, resulting in isolated porosity within grains that could not be 
removed even at high sintering temperatures.       
 The effects of low concentration TMO-doping on the electrical properties of 
CGO were examined in Chapter 5. The addition of low concentration Co-oxide was 
shown to enhance both the bulk and specific grain boundary conductivity of CGO 
across the measured temperature range. Hebb-Wagner polarisation measurements 
revealed large increases in the electronic contribution to the conductivity along the 
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boundaries, particularly within the p-type regime. The enhanced electronic 
conductivity was however insufficient to explain the entire conductivity increase; it 
was therefore concluded that Co-doping must also increase ionic transport within 
the CGO grains and across the boundaries. 
 The addition of low concentration Cr or Mn oxide, on the other hand, were 
found to cause an approximate 2 orders of magnitude drop in the specific grain 
boundary conductivity, although enhanced electronic conductivity was observed in 
the Cr-doped material.  
 In all cases, the changes in specific grain boundary conductivity were correlated 
with variations in the concentration of Gd at the grain boundary. Grain boundary 
core Gd segregation was believed to cause effective positive charge, which would be 
balanced by either further Gd segregation into the space charge regions as 
substitutional point defects, or by the depletion of oxygen vacancies in the space-
charge regions. This would result in either an increase in defect association or a 
decrease in the number of pathways available for oxygen ion transport. The effect 
of a given TMO would therefore depend on whether its addition would increase or 
decrease the driving force for grain boundary core Gd segregation. Whilst Co-
doping was shown to reduce the segregation of Gd compared to the undoped 
material, the addition of either Cr or Mn was shown to increase it. This driving 
force was also thought to be modified by the formation of a Gd-rich second phase, 
as was shown to be the case for both Cr-doped and Mn-doped CGO. Synchrotron 
x-ray diffraction measurements performed on the Mn-doped material revealed the 
presence of Gd2Mn2O7 at dopant concentrations greater than 2 cat%.   
 The effects of surface segregation in TMO-doped CGO were also investigated by 
low energy ion scattering in chapter 6. Using a novel method of self-standardisation, 
the variations in cation concentration were examined with monolayer sensitivity. 
Measurements were performed on undoped, Co-doped and Cr-doped CGO with all 
materials showing a surface monolayer of CaO enrichment. Each material was also 
found to exhibit surface and near-surface Gd enrichment (and Ce depletion) such 
that 2CrCGO>CGO>2CoCGO, which was in very good agreement with the theory 
outlined in Chapter 5 concerning the changes in specific grain boundary 
conductivity that arise from TMO addition. The LEIS results were also found to be 
in general agreement with the EDX maps presented in previous chapters, although 
the absolute values of the enrichment differed, most likely owing to the higher 
resolution of the LEIS analyses. 
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7.1. Further Work 
 
Although this study has presented a comprehensive overview of the effects of 
transition metal oxide doping in CGO, as with any research project, time 
constraints have prevented all possible avenues of research from being investigated. 
 Given the opportunity, there are several interesting areas for further research. 
The first would be to confirm, using density functional theory (DFT), the 
mechanisms outlined in Chapter 4 concerning the role of cerium interstitials in the 
improved rates of solid-state cation diffusion observed in Co-doped and Mn-doped 
CGO. It should be recalled that the improved densification kinetics depended on 
the relative concentrations and mobilities of Ce interstitials compared to Ce 
vacancies within CGO. Although data was available relating to the formation of 
point defects in CeO2, no information could be located in the literature regarding 
the energy of formation of these defects in CGO or their relative mobilities in 
either material. The improved sintering kinetics in these materials was initiated by 
the reduction of the respective transition metal ions at ~900C. The EELS analyses 
shown in figure 4.28 indicated the presence of Co3O4, which was thought to result 
from the samples being slowly cooled after sintering. To confirm that the Co oxide 
underwent a reduction to CoO, it would be beneficial to repeat these experiments 
on quench-cooled samples or to perform further in-situ measurements to relate the 
transition temperature to the temperature of maximum shrinkage, Ts. This theory 
could also be further validated by repeating these experiments using a dopant with 
a stable valance state, such as Al or Mg, where no reduction and hence no 
significant changes in sintering behaviour would be expected. 
 In Chapter 5, a conductivity mechanism was proposed which related the 
changes in ionic conductivity to the levels of grain boundary core Gd segregation. 
Dopants that increased the driving force for grain boundary Gd enrichment would 
exhibit lower specific grain boundary conductivities. This was shown to apply to 
both Mn-doped and Cr-doped CGO, with the driving force for segregation related 
to the formation of a Gd-rich second phase. EDX mapping showed that both 
materials exhibited enhanced grain boundary Gd enrichment and that both 
contained a second phase (Gd2Mn2O7 in 2MnCGO). Furthermore LEIS 
measurements performed on 2CrCGO supported this hypothesis. In order to neatly 
conclude this study, it would also be interesting to repeat the LEIS experiments on 
a sample of 2MnCGO to examine the concentration of Gd enrichment and to 
repeat the SXRD measurements on the range of Cr-doped CGO materials to 
confirm the crystallography of this second phase and determine the concentration 
of dopant necessary for its precipitation.    
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A. Appendices 
 
A.1. Error Estimation in EDX Mapping 
 
HAADF imaging and subsequent EDX mapping were used throughout Chapters 4 
and 5 to examine the location and concentration of both the host constituents and 
dopants in CGO. These variations were assessed quantitatively utilising first 
principle modelling of the Cliff-Lorimer factor. Where possible, the errors in these 
quantifications have been estimated using values obtained from ICP-AES analyses. 
An example of the error estimation procedure is presented below for undoped CGO. 
 Figure A.01 depicts the results of three quantified line profiles taken across a 
sample of high density CGO (figure 5.04). Each line scan was performed away from 
the grain boundary in order to provide an accurate measurement of the bulk 
stoichiometry. Values of the normalised Ce and Gd concentrations were made by 
averaging the values in line scans 1-3; these results are summarised in table A.1 
together with the ICP-AES results for CGO sintered under identical conditions. 
 
 
 
 
 
     
 
 
 
 
 
 
 
 
 
 
Figure A.01.: Quantified line profiles across the bulk region of high density CGO 
(figure 5.04) showing the concentrations of Ce and Gd. All values are 
expressed in normalised mass %.  
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Table A.1.: Variation in the bulk stoichiometry of undoped CGO as measured by 
ICP-AES and quantified EDX mapping.  
 
 
 
 
 
 
 
 
 
The table indicates small variations in the Ce and Gd concentrations between the 
three line scans, all of which are however within approximately 0.5 mass% of the 
ICP-AES results. Assuming the validity of this chemical analysis, the error in the 
EDX mapping measurements can also be estimated as 0.5 mass%. This error 
range was found to be constant for all materials examined using this methodology. 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Technique 
Ce 
(mass%) 
Gd 
(mass%) 
Ce Gd 
ICP-AES 68.3 8.77 - - 
EDX Line Scan 1 68.9 9.30 +0.60 +0.53 
EDX Line Scan 2 69.1 9.28 +0.80 +0.51 
EDX Line Scan 3 68.9 9.45 +0.60 +0.68 
211 
 
 
  
  
 
 
List of Publications 
 
Journal Publications from this Thesis 
 
[1] A. Aguadero, L. Fawcett, S. Taub, R. Woolley, K.-T. Wu, N. Xu, J. A. Kilner and                 
S. J. Skinner, “Materials development for intermediate-temperature solid oxide 
electrochemical devices”, Journal of Materials Science, vol. 47, no. 9, pp. 3925-3948, 
2012.  
 
[2] S. Taub, S. N. Cook, J. A. Kilner and A. Atkinson, “Surface Segregation Effects in 
Transition Metal Oxide Doped Ceria Solid Solutions”, in preparation. 
 
[3] S. Taub, X. Wang, R. E. A. Williams, D. W. McComb, J. A. Kilner and A. Atkinson, 
“The Effects of Transition Metal Oxide Doping on the Sintering of Cerium 
Gadolinium Oxide”, in preparation.   
 
[4] S. Taub, K. Schmale, N. Ni, H. -D. Wiemhöfer, J. A. Kilner and A. Atkinson, “On 
the Electrical Properties of Transition Metal Oxide Doped Ceria Solid Solutions”, in 
preparation.  
 
[5] S. Taub, R. E. A. Williams, C. Munnings, J. Kimpton, D. W. McComb, S. J. Skinner, 
J. A. Kilner and A. Atkinson, “The Effects of Mn-doping on the Sintering and 
Electrical Properties of Cerium Gadolinium Oxide”, in preparation. 
 
Conference Contributions 
 
[1] S. Taub, X. Wang, A. Atkinson and J. A. Kilner, “The Effect of Transition Metal 
Dopants on the Electrical and Sintering Performance of Cerium Gadolinium Oxide”, 
18th International Conference on Solid State Ionics, Warsaw, Poland, 2011 (Poster). 
 
[2] S. Taub, S. N. Cook, X. Wang, J. B. Gilchrist, K. Schmale, H. -D. Wiemhöfer,            
D. W. McComb, J. A. Kilner and A. Atkinson, “The Effect of Transition Metal 
Dopants on the Sintering and Electrical Properties of Cerium Gadolinium Oxide”, 
10th European SOFC Forum, Lucerne, Switzerland, 2012 (Poster).    
 
[3] S. Taub, S. N. Cook, X. Wang, R. E. A. Williams, K. Schmale, H. -D. Wiemhöfer,            
D. W. McComb, J. A. Kilner and A. Atkinson, “Transition Metal Oxide Doping of 
Ceria-based Solid Solutions: Relating Grain Boundary Chemistry to Electrical and 
Sintering Performance”, 19th International Conference on Solid State Ionics, Kyoto, 
Japan, 2013 (Oral).       
 
